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Research Is a vital part of the educational program and interests parallel acadeic specialties. These I
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specialized research. All departments offer the doctorate; Biomedical and Materials Science grant only
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RESEARCH GOALS
The objective of this integrated research program is to define the conditions under which

high strength P-titanium alloys resist environmentally assisted cracking (EAC) in marine
environments. Specific goals are to: (1) characterize EAC for metallurgical, chemical and
mechanical conditions that could destabilize crack tip passive films to promote local dissolution
and hydrogen (H) uptake, (2) test the hydrogen embrittlement mechanism for EAC, and (3)
develop a mechanism-based model of EAC by integrating crack chemistry, surface dissolution
and repassivation kinetics, hydrogen uptake to trap sites, and crack tip process zone
micromechanics and damage.

RESULTS
The following conclusions were established in FY 93 based on rising load fracture

mechanics experiments with solution treated and peak aged Ti-15-3 (15V-3Cr-3A1-3Sn; wt%)
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I and Beta 21S (Ti-15Mo-3Nb-3Al; wt%) in aqueous NaCI. This work is detailed in the attached
paper: L.M. Young, G.A. Young, Jr., J.R. Scully and R.P. Gangloff, "Aqueous Environment Enhanced
Crack Propagation in High Strength Beta Titanium Alloys', MetalL. Trans. A, in review, 1993.

oo The susceptibility of 0-21S to intergranular environment assisted cracking (EAC),
compared to the resistance of Ti-15-3, correlates with preferential and copious a-colony
precipitation on P grain boundaries of the former. Grain boundary a (and planar slip,
as discussed below) are promoted by long time and high temperature processing.I Processing of P-titanium alloys must be controlled for EAC resistance.

oo While susceptible to EAC under rising load in NaCl, P-21S is not prone to intergranular
cracking at static stress intensity levels, approaching Kic, over comparable loading
times.

00 Ultra-low amplitude cyclic loading does not promote EAC in P-21S when superposed
with high static stress intensities. Calculated crack tip surface plastic strains and
average strain rates should be sufficient to promote crack tip surface depassivation and

IH uptake, however, microscopic plasticity in the process zone appears to be insufficient
for EAC damage. "Ripple loading" at higher stress intensity ranges produces
transgranular fatigue crack growth, however, this behavior is equivalent for Ti-15-3
and 6-21S in both NaCI and moist air; there is no evidence of a unique environmental
mechanism of ripple load damage.

0oo Existing continuum mechanics models of crack tip strain and strain rate fields are
insufficient for micromechanical modeling of loading rate effects on EAC.

00 EAC in Beta-21S may proceed by hydrogen environment embrittlement. The beneficial
effects of cathodic polarization and slow crack tip strain rates are speculatively traced
to reduced hydrogen production at the occluded crack tip for the former, and increased
crack tip passive film stability or reduced dislocation transport of hydrogen for the
latter.

Soo The 25°C NaCI EAC resistance of properly processed peak aged P-titanium alloys is
superior to that of quenched and tempered martensitic steels at similar high yieldI strengths.

Limited work investigated the effect of sulfate reducing bacteria (SRB) on aqueous
environment bnhanced fatigue. (R.P. Gangloff and R.G. Kelly, "Microbe Enhanced Environmental Fatigue
Crack Propagation in HY130 Steel", Corrosion, in press, 1993. )

S00 SRB, specifically Desulfovibrio vulgaris in Postgate C solution, greatly enhance fatigue
crack propagation rates and reduce fatigue crack initiation life for a martensitic alloy
steel (HY130) under cathodic polarization (-1000 mV,.). Transgranular fatigue
cracking in sterile NaCI becomes intergranular due to the SRB. Metabolic sulfide-
enhanced atomic hydrogen uptake and crack tip process zone hydrogen embrittlement

I



conducting this work will be supported by an NSF fellowship.

oo Employ Ion Chromatography and Capillary Electrophoresis to measure crack solution
chemistry as a function of time during loading, applied electrode potential, and ultra-
low amplitude cyclic loading in order to assess the effects of these factors on crack
surface reactions and EAC.

oo Begin to develop a high resolution characterization experiment and mechanics analysis
to probe blunt-notch surface film stability, environmental hydrogen uptake and process
zone damage evolution in a model p-titanium microstructure.

oo Hydrogen embrittlement studies will be undertaken on solution treated and aged Beta
C. Mechanical studies will include fracture initiation toughness on compact tension
samples under slow rising load, as well as notched tensile samples with finite element
analyses of stress and strain. Results will be correlated with precipitation behavior,
deformation mode, hydrogen trap analysis, and fracture morphology.

oo Electrochemical studies will continue in order to develop the elements necessary to
explain both hydrogen controlled and dissolution controlled aqueous cracking
phenomena.



Studies of the electrochemistry, passivity, and repassivation kinetics of 0-titanium alloys
lead to the following conclusions:

oo Solid solution Mo in p-21S promotes spontaneous passivation in 5M HCI; while an
active-passive transition is observed for V stabilized Ti-15-3 (solution treated),
commercially pure a and a + 0 titanium alloys. Mo-lean a precipitates in 0-21S are
prone to active dissolution in concentrated HCI roughly simulating crack tip chemistry.
(D.G. Kolman, J.R. Scully, 'The Passivity and Electrochemistry of a Ti-Mo-Nb P-Titanium Alloy in
Ambient Temperature Aqueous Sodium Chloride Solution, J. E/cavrochem. Soc., Vol. 140, No. 10,
October, 1993.)

oo Scratch repassivation studies indicate that peak anodic current densities, peak
cathodic current densities, and repassivation rates are similar for solution treated
or aged Ti-15-3 compared to 0-21S in both neutral NaCI and acidified chloride
simulating a crack tip chemistry. The difference in EAC susceptibility between
Ti-15-3 and P-21S is currently traced to metallurgical factors (deformation mode
and/or a precipitates), rather than intrinsic differences in bare electrode
electrochemical reaction kinetics.

In addition to these papers, two Master of Science Dissertations were published:

G.A. Young, Jr., "Hydrogen Effects in Metastable a-Titanium Alloys", M.S. Thesis,
University of Virginia, Charlottesville, VA, 22901. (Advised by Scully)

L.M. Young, "Environment Assisted Cracking in p-Titanium Alloys", M.S. Thesis,
University of Virginia, Charlottesville, VA, 1993. (Advised by Gangloff)

These students graduated in FY93.

RESEARCH PLANS FOR FY 94

Four graduate students (B.P. Somerday, J.A. Grandle, David G. Kolman and Michelle
Gaudett) will conduct the following research in FY94.

oo Characterize the aqueous chloride environmental cracking resistance of both solution
treated and peak aged Beta C (Ti-8V-6Cr-4Mo-4Zr, obtained from RMI Titanium),
employing both the rising load and constant stress intensity fracture mechanics methods,
and as a function of applied electrode potential as well as crack tip strain rate.

oo Further define the effect of grain boundary a, and associated thermo-mechanical
processing on EAC in P-titanium alloys.

oo Establish the effect of sulfate reducing bacteria on the EAC resistance of peak aged P-
21S as well as both solution treated and peak aged Beta C. The graduate student



are implicated.

oo Environmental fatigue crack growth kinetics are highly transient due to time-dependent
SRB population growth and metabolite concentration increases, as well as to metabolite
ion transport in bulk or crack solution and to H diffusion in the metal.

The following conclusions were reached based on internal hydrogen embrittlement (IHE)
studies of solution treated and aged Ti-15-3 and p-21S.

oo Total hydrogen concentrations as low as 500 wt. ppm produce IHE in precracked
specimens of peak aged Ti-15-3 and P-21S. The degree of embrittlement is a function
of hydrogen concentration, constraint, and yield strength for material with a susceptible
microstructure. These results suggest that 900 ppm total hydrogen is required to
produce the low threshold stress intensity values observed for P-21S in aqueous NaCl.

oo An embrittlement threshold of approximately 1000 wt. ppm total hydrogen was
observed for blunt notched tensile specimens of peak aged Ti-15-3 and P-21S.
(G.A. Young, Jr., J.R. Scully, "The Influence of Hydrogen on the Mechanical Properties of
a Ti-Mo-Nb Alloy', Scripta. MetaiL., Vol. 23, pp. 507-512, 1993. and G.A. Young, Jr.,
J.R. Scully, 'Internal Hydrogen Embrittlement of Solution Heat Treated and Aged Ti-15V-3Cr-
3AI-3Sn and Ti-15Mo-3Nb-3AI, Corrosion J., in review, 1993.)

oo Long time/high temperatu- - solution treatments promote localized planar slip in solution
treated P-21S and 15-3. This deformation mode lowers strength and ductility in the
presence of internal hydrogen. Fine intragranular a precipitates in aged P-titanium
alloys could be readily sheared by dislocations, further promoting planar slip. NaCl
EAC in peak aged p-21S, but EAC resistance for Ti-15-3, may be governed by planar
slip in the former but not in the latter. (G.A. Young, Jr., J.R. Scully, 'Internal Hydrogen
Embrittlement of Solution Heat Treated and Aged Ti-15V-3Cr-3AI-3Sn and Ti-15Mo-3Nb-3AI,
Corrosion J., in review, 1993.)

oo Hydriding of a large volume fraction of a and p is not required for IHE of these high
strength P-titanium alloys. Hydriding of a was only observed when surface connected
a was exposed to electrochemical reactions. Internal hydrogen preferentially partitions
to the bcc P matrix. The possibility exists for deformation assisted or highly localized
hydriding of a-p interfaces. (G.A. Young, Jr., J.R. Scully, 'The Influence of Hydrogen on the
Mechanical Properties of a Ti-Mo-Nb Alloy', Sripta. Metall., Vol. 23, pp. 507-512, 1993. and G.A.
Young, Jr., J.R. Scully, 'Internal Hydrogen Embrittlement of Solution Heat Treated and Aged Ti-15V-
3Cr-3AI-3Sn and Ti-15Mo-3Nb-3AI, Corrosion J., in review, 1993.)

oo A finite element model was developed to determine stress and strain fields in notched
tensile bars under applied loads at high triaxial constraint. This capability will be used
for micromechanical modelling of EAC and IHE.
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ABSTRACT

The objective of this research is to characterize the effect of sulfate reducing bacteria (SRB) on

aqueous environment enhanced fatigue cracking in a high strength alloy steel. Desulfovibrio

vulgaris in Postgate C solution greatly increases rates of ambient temperature fatigue crack

propagation (FCP) in tempered martensitic HY130 steel under cathodic polarization and low
frequency, constant stress intensity range loading. Crack growth rates in the SRB solution are

increased by 50 to 1000-fold relative to FCP in sterile NaCl solution at -1000 mV.. and vacuum,

respectively. The presence of microbes shifts fatigue cracking from a transgranular path, typical

of sterile NaCl, to an intergranular crack path consistent with the enhanced growth rates. The

SRB reduce fatigue crack initiation resistance, countering the beneficial effect of cathodic

polarization for sterile NaCl. Increased hydrogen uptake at the occluded crack tip, due to

bacterially-produced HS'/S-, and metal embrittlement are implicated. SRB do not appear to

colonize the occluded alkaline crack tip. Constant AK, transient environmental FCP in the SRB

solution is substantial, and most likely due to time-dependent bacterial growth and enhanced

metabolically reduced sulfides. Other time-dependent hydrogen sources may be important.

a Professor of Materials Science and Engineering.

b Research Assistant Professor of Engineering and Applied Science.



1

BACKGROUND

Of the variables studied to date, reduced sulfur species dissolved in aqueous chloride

solution have the most deleterious effect on environment enhanced fatigue crack propagation

(FCP) in steels"]1 . In conjunction with cathodic polarization, gaseous H2S in chloride solution

increases FCP rates in low strength C-Mn steels by 300-fold over rates in vacuum121. This

dramatic increase overwhelms a 15-fold increase in growth rates observed for freely corroding

specimens in seawater and a 40-fold increase for FCP under cathodic protection[3 ]. Sulfide-

bearing environments also degrade the monotonic load cracking (stress corrosion cracking or

SCC) resistance of steels, particularly for higher strength levels 41 . Sulfur species are present in

sour gas wells and papermaking process solutions, and develop due to the metabolic action of

sulfate reducing bacteria (SRB)I" 1 .

The deleterious effect of SRB on FCP in C-Mn steels has been documented1 '-01; however,

data and mechanistic understanding are limited. Thomas et al. showed that the decomposition

of marine algae in estuary silt by SRB led to a 60 to 120-fold increase in FCP rates under free

corrosion conditions or with mild cathodic polarizationil1 . SRB effects on cracking in moderate

to high strength alloy steels ha,% not been characterized, 11" 1. Understanding of SRB effects is

hindered by several factors. Fatigue experiments generally yield steady state cracking kinetics

and neglect transient growth rates. The bacterial environment chemistry generally changes with

time as the bacterial population progresses through different growth stages1 12"31. The chemical

composition of the solutions is complex, both biologically and electrochemically. SRB may

populate test chamber surfaces, boldly exposed fatigue specimen surfaces and areas within the

occluded crack. The relative importance of SRB at each location has not been defined. Finally,
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the basic chemo-mechanical mechanisms for environment enhanced fatigue cracking are unclear,

even for steels in sterile NaCI solutionsill. Both anodic dissolution and cathodic hydrogen

production processes are important.

Cathodic protection is used to retard both general corrosion and fatigue crack initiation

in steels exposed to sterile and SRB containing marine environmentst'. 1-. Protection against

general corrosion in SRB environments requires larger applied cathodic potentials than in sterile

solutionst'3" 61, supporting the cathodic depolarization theory of SRB influenced corrosion. Since

SRB prefer near-neutral pH conditions, the local alkalinity produced by cathodic polarization

might retard their growth"101. The anodic reaction rate (iron dissolution) is also decreased by

cathodic polarization and the contributions of each effect have not been delineated. Cathodic

polarization effects on FCP are complex for sterile environments(l, and have not been

characterized for biologically inoculated solutions.

The objectives of this study are: (1) to characterize the effect of SRB on environmental

FCP in a moderate strength alloy steel, including the influence of cathodic polarization, and (2)

to make a first assessment of the location of embrittling bacterial colonies and their metabolites

with respect to the fatigue crack tip process zone.

EXPERIMENTAL PROCEDURE

Material

HY130 alloy steel (Fe-0. 1 C-0.4 Mn-5.3 Ni-0.5 Cr-0.6 Mo-0.2 Si-0.06 V; by wt %) was

investigated in the quenched and tempered condition. Oversized specimen blanks were

austenitized (830'C for 90 minutes) in flowing argon, water quenched and tempered in a salt bath
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1 3
at 610*C for 60 minutes to produce a hardness of Rc 33, a prior austenite grain size of 30 Mm,

and a calculated tensile yield strength of 1040 MPa11n.

I Fatigue Chck Grom* Rate MeauIem

3 Fracture mechanics single edge notched tension (SENT) specimens (5.1 mm thick, 38.1

mm wide, 10.2 mm deep edge notch) in the LT orientation were employed for fatigue crack

I growth rate measurements. Pin gripping with free rotation and maximum load levels were

3 consistent with the boundary conditions of the stress intensity solution and small scale yielding,

respectively1111.

Fatigue experiments were conducted in a computer-controlled servohydraulic test machine

I operated in load control. Crack growth was continuously monitored by direct current electrical

potential measurements. Real-time computer control guaranteed constant applied stress intensity

range (AK = - K,,) at low constant stress ratio (R = KI./K=. = 0.10) and a constant

3 loading frequency of either 1 Hz (for crack initiation) or 0. 1 Hz (for FCP). Additional

g experiments were conducted with a single specimen at R values between 0.1 and 0.85; K.x was

constant as AK levels were incrementally decreased to avoid delay retardation. A constant

U frequency of either 1 Hz or 5 Hz was maintained. Electrical potential-derived crack lengths were

1 linearly corrected based on the difference between predicted and optically measured crack lengths

from the fractured specimen. Fatigue crack growth rates were calculated by linear regression

I analysis of crack length versus load cycles data for each constant AK and R condition.

I Aqueous Enironmenm Control

Two aqueous environments were investigated, 3% NaCI and a bacteriological medium,

I both at near-neutral pH and 230C. For the latter, Desulfovibrio vulgaris bacteria were cultivated

U
I
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1 4
3 in deaerated Postgate Medium C (in g/l of distilled water: 6.0 lactic acid, 4.5 Na2SO4, 1.0 yeast

extract, 1.0 NH 4Cl, 0.5 KH2PO4, 0.3 hydrated sodium citrate, 0.06 hydrated CaCI2, 0.06

I hydrated MgSO 4, 0.004 hydrated FeSO4) stored in 15 ml vials.

3 For each environment, the central portion of the edge cracked specimen was immersed

in a sealed plexiglass chamber of 1 liter volume as shown in Fig. 1. No dissimilar metal

I contacted the immersed portion of the specimen. All tubing and fittings were PTFE and the

3 electrolyte was argon deaerated. The grounded specimen was maintained at a constant electrode

potential of -1000 mVscE by a Wenking potentiostat in conjunction with a Ag/AgCI reference

electrode and two platinum counter electrodes. The reference electrode was located adjacent to

3 the notch mouth, while the two counter electrodes were normal to and about 5 cm from the

broad faces of the SENT specimen. The reference and counter electrodes contained 3% NaCl,

and were isolated from the test solution by asbestos frits. The sterile 3% NaCI solution was

3 peristaltically pumped at 30 ml/min through the chamber, and solution in the chamber was

continuously deaerated with argon. For experiments with SRB, 45 ml of bacterial solution was

added to the cell which contained 550 ml of Postgate Medium C, diluted by 400 ml of distilled

I water and fully argon deaerated. This environment was statically maintained during the FCP

I experiment. Specimens were immersed in the bacterial solution for 4 hours prior to fatigue

loading.

I These corrosion fatigue procedures are detailed elsewhere"'117T.

I
RESULTS AND DISCUSSION

I Results are considered in four sections. The first characterizes the effect of SRB on

U
3
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i fatigue crack growth in HY 130 steel under cathodic polarization. The second section describes

the microscopic fatigue crack paths, as related to both the cracking kinetics and the presence of

I the SRB. The third section demonstrates the deleterious effect of SRB on fatigue crack initiation

3 resistance. The discussion qualitatively explains these results from the hydrogen embrittlement

perspective, the generally accepted mechanism for FCP in the high strength steel/aqueous

I solution system.

U SR-Embiud Fatigue COick Gromth

The strong and damaging effect of SRB on FCP in HY130 steel is demonstrated by the

I crack growth rate (da/dN) versus applied stress intensity range (AK) data in Fig. 2. The FCP

3 behavior of HY130 steel in moist air and vacuum is shown by two dashed lines which represent

extensive literature data for C-Mn and alloy steels"t -,I. Growth rates at AK above 20 MPa./m

were measured at several constant AK levels, a single constant R value (0.10) and a constant

loading frequency of 0.1 Hz. Below AK of 20 MPa./m, Km. was maintained constant at 33

MPam as AK was step-reduced (and R was step-increased) after each increment of steady-state

FCP was obtained at frequencies of 1 or 5 Hz. This procedure minimizes the complicating

mechanical effect of fatigue crack closure, and produces unique growth rate relationships for

-- fatigue in moist air and vacuum where intrinsic R-value effects are not likelysi"'l. Limited FCP

data for HY130 steel in moist air (0), obtained with this constant AK/Km procedure, are in

_- excellent agreement with the literature results shown by the dashed line.

3 The sterile NaCl environment with cathodic polarization at -1000 mV..." increases da/dN

II
Polarization to -1000 mVc required application of cathodic currents, on the order of500 ttA/¢ni for each3 deerated aqueous environment.
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by 4-fold relative to moist air and 30-fold relative to vacuum for HY130 steel at a wide range

of AK and R. Da/dN depends on AK raised to the 2.9 power below 20 MPa./m and the 1.6

power above this AK level. This environmental effect is typical of the behavior of a wide variety

of C-Mn and alloy steels in aqueous chlorideSl' 7.l' . Desulfovibrio vulgaris in diluted Postgate

Medium C (-1000 mV.) enhances crack growth rates by up to 1000 times relative to vacuum,

100-fold relative to air and 40-fold compared to 3% NaCI, as indicated by the filled triangular

data points in Fig. 2. While crack growth experiments were not conducted in diluted Postgate

Medium C without SRB, this environment is likely to enhance da/dN similar to sterile NaCIt 1.

The deleterious effect of SRB demonstrated in Fig. 2, specific to cathodic polarization at -1000

mVwE, is comparable to published data for SRB enhanced crack growth in C-Mn steels under

freely corroding and mildly cathodic (-850 mVc) conditions 5'91. Substantial cathodic protection

does not mitigate the deleterious effect of SRB on environmental FCP in HY130 steel.

The importance of the deleterious SRB effect is demonstrated in Fig. 3. Trend lines from

extensive literature data represent the environmental FCP behavior of a wide range of C-Mn and

alloy steels, cyclically loaded at R of 0.05 and a frequency of 0.1 Hz in 3.5% NaCI (sterile) at

a fixed cathodic potential of -1000 mV.M11 . The two filled data points for the steady state low

R-low frequency SRB environment are replotted from Fig. 2, and are represented by a power-

law (da/dN a AK"6) parallel to the sterile NaCl results in Fig. 2. (These two da/dN values for

HY130/SRB are equally consistent with a relationship parallel to the AK'"2 dependence indicated

by the open circle literature results for HY130 steel in sterile NaCI, Fig. 3.) While the effects

Sd The da/dN-AK dependence for the steady-state SRB case in Fig. 2 was plotted parallel to the data for

HYI30 steel in sterile NaCI and should be interpreted with caution because R increases with decreasing
AK. The intrinsic effect of stress ratio on environmental FCP in steels is undefined.
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of steel yield strength and microstructure are less than a factor of 2 on FCP rate at any AK, the

SRB dramatically enhance da/dN by up to two orders of magnitude.

Environmentally enhanced FCP in steels of yield strength below about 1200 MPa,

exposed to sterile aqueous chloride at various cathodic electrode potentials (see Fig. 3), generally

occurs at cyclic stress intensity levels well below the threshold stress intensity for monotonic load

I cracking, Kmcc (that is, both K and K. in the fatigue cycle are below Kmcc)1 ll. For such

3 cases, environmental FCP is both time- and load cycle-dependent. Considering the

HYl30/sterile NaCI (-1000 mV..) system, Kmcc equals 110 MPajm1 191 and the data in Fig. 2

represent FCP at K levels well below this monotonic threshold. Kocc for steels at this yield

strength is lowered to perhaps 20 MPa.m by acid and gaseous H2S additions to NaCI (e.g., the

solution defined in NACE Standard MRO175), and time-dependent crack growth rates (da/dt)

are rapidt4i. Kocc is, however, unknown for quenched and tempered steels in the SRB solution.

The potency of SRB-enhanced FCP indicates that SCC could be produced by particular

metallurgical, biological and electrochemical conditions. This issue must be examined.'

When the,-. p>lied AK is maintained at a constant level, FCP in steels exposed to sterile

NaCI generally is steady-state after minimal short-term transient growth. That is, crack length

increases linearly with the number of load cycles for constant applied AK. For sterile NaC! (as

well as moist air and vacuum), each point in Fig. 2 resulted from such a linear record; transient

FCP was not observed.

For environmental FCP above Kco, and with high da/dt, da/dN depends on AK raised to a power between
10 and 40 at cyclic K levels near Kv., followed by essentially AK-independent behavior at higher AK"'.
The HYI30/SRB growth rates in Fig. 2 are only of the abov:i-KAc type if Kocc is less than 10 MPaN/m.
Alternately, since similar power-law da/dN-AK relationships are observed for HYI30 in moist air (AK
exponent of 2.5), sterile NaCI (2.9 and 1.6), and the SRB environment (1.6), the FCP behavior in Fig.
2 could be of the below-Kwc type.
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In sharp contrast to sterile NaMCI, transient crack growth was observed for the SRB

enviroment. Figure 4 shows measured values of fatigue crack length versus loading cycles

which were analyzed to yield a portion of the da/dN versus AK data in Fig. 2. In this

experiment, a single HY130 specimen was immersed in SRB plus diluted Postgate C with

cathodic polarization at -I000 mV., for four hours without loading. The fatigue crack was then

grown from the notch (depth of 10.2 mm) to a depth of 1.46 mm (total notch plus crack length

- 11.66 n-) over 8100 cycles at I Hz (2.3 hour exposure). After this initial crack growth,

constant AK (20.8 MPa./m, R = 0. 1) loading commenced at 0. 1 Hz. As this loading continued

from 8,100 to 10,800 cycles (over 7.5 hours), the FCP rate accelerated from 8.9 x 10-4 to 2.0

x 10-3 mm/cycle. Since crack length did not linearly increase with loading cycles, steady-state

3CP was not achieved during Day 1. The specimen was maintained in the SRB solution for 12

hours without load, and the experiment was reinitiated at the same constant AK and frequency

(Day 2 in Fig. 4). The resultant crack advance was essentially linear for a time period of 1.2

hours and at an average rate of 7.2 x l0-3 mm/cycle, indicating that steady state was achieved.

The initial SRB rate on Day 1 (the open triangle in Fig. 2) is slightly higher than the

da/dN value typical of FCP in sterile NaCl, while increasingly rapid rates are observed during

Day 1 (as shown by the arrow from the open triang!kp The steady state behavior observed

during Day 2 is represented by the filled triangle labelled "I" in Fig. 2. Subsequent sequential

crack growth experiments, labelled "2" and "3" in Fig. 2, were conducted over a period of 48

hours at different AK and R, and yielded essentially linear a versus N data. Tri trend line in

Fig. 2 approximates steady-state FCP for HY130 in auc, -,%B solution; da/dN depends on AK

raised to the 1.6 power, similar to the behavior of C-Mn steel in H2S saturated chloride solution,
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however, a wider range of AK must be examined1 21.

Bacteria concentrations and dissolved H2S levels were not measured during these

experiments. The SRB solution continuously darkened during the first day of the experiment and

H2S was formed in the cell based on smell. These observations indicate increasing bacterial

activity, coincident with the accelerating crack growth rates. It is likely that a constant SRB

environment condition was achieved, but only after the first day. 12"31. Additional factors may

cause transient FCP for the SRB case, as considered in the section on the cracking mechanism.

These results demonstrate that SRB environmental effects must be considered in damage

tolerant analyses of fatigue in marine structures1 l°1. Such work will be complicated because

da/dN- can change with exposure time at constant AK due to varying biological environment

chemistry. Fracture mechanics growth rate similitude, in conjunction with steady state da/dN

versus AK data, may not adequately describe component performance.f The data in Fig. 2 may

provide a reasonable upper bound da/dN-AK relationship for HY130 steel in SRB of essentially

constant activity. Studies of metallurgical effects on corrosion fatigue, for example weld HAZ

behavior, must include SRB chemical variables such as the cultivating medium. From a practical

perspective, significant cathodic polarization did not mitigate the deleterious effect of SRB on

either FCP or fatigue crack initiation (as presented in an ensuing section), in agreement with the

work of Edyvean and coworkers"'°l. FCP may be more severely enhanced by the SRB in the

presence of mild anodic polarization or under free corrosion conditions.

Paris, Wei and cowoukers experimentally demonstrated the principle of fracture mechanics similitude for
FCP; that is, equal daldN are produced for equal applied AK independent of applied load, crack size and
co•lnyeft or specimen geometryMM. Similitude eabmes integration of laboratory da/dN-AK data to
predict component fatigue behmvior, in terms of either applied stress range verms total life, or crack length
versus applied load cycles for my initial defect size and conponent configuration.
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Environmental fatigue crack surfaces were eamined by scanning electron microscopy

(SEM). Results contained in Fig. 5 demonstrate the strong embrittling effect of Deslfowbrio

vWgaiis on FCP in HY130 steel. (All fractographs are oriented with the fatigue crack growth

direction from top to bottom and the crack front parallel to the horizontal direction.) Figure 5a

shows the crack morphology typical of environmental FCP in sterile NaCI at -1000 mV,.

Cracking is entirely transgranular, and most probably associated with environment-enhanced

martensite lath interface cracking and crystallographic cracking along a low index plane through

the tempered martensitSL11. The environmental crack path illustrated in Fig. 5a is different from

that which is typical of FCP in HY130 steel stressed in either moist air or vacuum. For these

benign environments, FCP is transgranular, but involves crack tip plasticity damage independent

of environment-embrittled martensite.

In contrast to the vacuum and sterile NaC1 cases, Desulfowbrio vulgaris in diluted

Postgate C promotes intergranular cracking, the increasing proportion of which correlates with

increasing FCP rates.' Figure 5b illustrates that SRB enhanced cracking on Day 1 progressed

by a mixture of transgranular and intergranular separation. Qualitatively, the proportion of

transgranular cracking is equal to or greater than the amount of intergranular separation, as

suggested in Fig. 5b. This mixed morphology is consistent with the modestly enhanced crack

growth rate relative to fully transgranular FCP in sterile NaCI (Fig. 2). Crack growth in SRB

during Day 2, Fig. 5c, occurred by a larger proportion of intergranular separation, correlating

Fatigue cracking in the SRB environment is intergranular with respect to prior austenite boundaries in
HY130 steel.
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with the increase in bacterial activity and increased da/dN compared to FCP during Day 1.

Portions of the Day 2 crack surface were nearly 100% intergranular.

Apart from severe temper embrittlement and abiotic sulfide additions, no chemical or

mechanical variable has been previously reported to induce intergranular fatigue cracking in low

to moderate strength quenched and tempered alloy steel.].

SRB-EWMAwu Fadgw OChu* Isalon

The effect of environment on notch-tip fatigue crack initiation (FCI) in HYI30 steel was

measured at the beginning of each crack propagation experiment, and based on a fracture

mechanics estimate of the local pseudo-elastic stress and total strain ranges[ '. SENT

specimens for experiments in moist air, sterile NaCl, and SRB/Postgate C were similarly notched

(with a root radius, p, of 0.25 mm and by grinding without additional polishing), and subjected

to a constant AK of 20.8 MPa,/m (calculated as if the blunt notch was a crack of the same length)

at a frequency of 1 Hz and R of 0 .1 .h After a period of no measurable crack formation, FCI

progressed from the notch, as monitored by electrical potential measurements during cyclic

loading.

The chloride environments affected FCI in tempered martensitic HY130 steel, as

A te in Fig. 6. This figure presents the number of load cycles required for FCI at

constant AK/,/p, where a crack growth increment of I mm is employed to approximate the

initiation stage of cracking. Results are given for FCI in moist air and three aqueous chloride

environments. It is well known that, compared to fatigue in moist air, sterile NaCI degrades the

TMi loading condition corresponds to a notch root pmudo-elastic stress range of 1315 MP. calculated

from AK/,/pP", and to a proportional local plastic strain rang that was not determined. Fatigue Crack
iniiatein is governed by plastic strain, howver, the stress-based approach provides a basis for compaing
environmental effects.
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FC resistance of C-Mn and alloy slss-2 1 . This environmental effect is severe for electrde

potentials near free corrosion (-600 to -750 mV.), and is mitigated by applied cathodic

potentials near -1000 mVjll'. The detrimental effect of sterile NaCI at -600 mV. and the

beneficial effect of applied cathodic polarization are reflected in Fig. 6; the result for HY130

steel in NaCI at -1000 mV. was measured in the current study and the free corrosion result was

estimated based on data reported for a similar high strength steel loaded at a frequency of 0.2

Hz and R of 0.11r,1. For this latter case, FCI life may be higher for a loading frequency of 1

Hz.

Desadfbvubrio vulgaris in Postgate C with cathodic polarization reduces the FCI resistance

of HY130 steel relative to both moist air and sterile aqueous chloride at -1000 mVm. This result

is technologically important because cathodic polarization is widely used to mitigate corrosion

fatigue crack initiation in the steel/chloride system. SRB appear to reduce its effectiveness.

Comparing the SRB environment at -1000 mV., to sterile NaCI at free corrosion, the

bacterial solution enhanced FCP in HY 130 steel, but reduced FCI susceptibility. SRB-stimulated

hydrogen embrittlement could contribute to the environmental effects on both crack initiation and

propagation, as discussed in the next section. The aggressive character of the sterile solution

at -600 mV. suggests an increased role of pitting-based FCI compared to SRB at -1000

mVMM1 . Pitting due to SRB-produced reduced sulfide species at -600 mV,, and the associated

FCI life, have not been characterized. SRB may also degrade FCI resistance for freely corroding

steels in bacterially active electrolytes with reduced near-electrode-surface alkalinity.

Med mi for de SRO EJfect on 0nmronmen FCP

Hydrogen environment embrittlement (HEE) is an accepted mechanism to enhance FCP
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in steels exposed to many gaseous and electrolytic environments near 250C1. For sterile

aqueous electrolytes, atomic hydrogen N forms on metal surfaces by cathodic reduction of

hydrogen ions and water. That H which does not recombine to H2 can enter the metal lattice,

diffuse to the crack tip region, segregate at microstructural trap sites, and enhance fatigue

damage as well as crack growth rate by one of several controversial mechanisms. The H source

for crack tip embrittlement depends on environment chemistryI271; the crack tip surface is

dominant when occluded crack acidification occurs or when crack surface strain stimulates

electrochemical reactions. H production on specimen surfaces that are boldly exposed to the bulk

environment can be important for aggressive solutions, particularly those containing reduced

sulfur species, and for prolonged exposures.

FCP rates are controlled by the kinetics of the slow step(s) in the sequence which

produces and delivers embrittling H to the crack tip process zoner22. An environmental factor

(cathodic polarization, H2S, decreasing loading frequency) which increases H uptake to the crack

tip process zone is likely to increase FCP rates. For example, H2S dissolved in chloride solution

increases atomic H uptake by reducing the rate of atomic hydrogen recombination to H2 and

greatly enhances rates of FCPz1'9'-1 . Scully and Moran demonstrated that this mechanism

promotes H permeation in tempered martensitic 4340 steel, but only for acids (pH 3 or less)t 1".

SRB may affect both atomic H production and uptake through metabolic action[° 321 .

SRB generate energy by coupling the reduction of sulfate ions and the oxidation of a food source

(often an organic molecule such as lactate)1131. Bacterial sulfate reduction involves atomic

hydrogen according to:

SO42 + 8 H => S-2 + 4 H2 0 [1]
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The cathodic depolarization theory of SRB-influenced corrosion is based on the idea that bacterial

utilization of H removes the cathodic product in the corrosion reaction couple and thus increases

the open circuit corrosion rate of steeltl 5l-'" 1. This effect lowers the amount of H available to

enter the metal. Countering the potentially beneficial effect of the consumption of H in SRB

metabolism, the production of sulfide or other metabolites may increase the uptake efficiency of

H produced on the occluded crack tip or boldly exposed metal surfaces. Walch et al. have

shown that hydrogen uptake into Pd and steel is enhanced in near-neutral solutions containing

SRB3'31 1. The net effect of SRB on H production and environmental FCP depends on the

relative strengths of these individual processes.

We speculate that the HEE mechanism describes the deleterious effect of SRB on da/dN

in HY130 steel. Increased atomic hydrogen uptake and environmental cracking rates are caused

by the metabolic production of sulfide overwhelming any beneficial effect of H consumption by

the bacteria. In this regard, SRB play a role that is analogous to hydrogen recombination

poisons1 61; promoting both H uptake efficiency and brittle cracking.i The bbserved intergranular

FCP indicates that SRB-enhanced hydrogen production resulted in increased H partitioned to trap

sites at prior austenite grain boundaries within the fracture process zone, compared to that from

sterile chloride1 3T. The fracture strength of the austenite grain boundaries must more strongly

depend on local hydrogen concentration, compared to the behavior of coherent lath interfaces,

in order to rationalize the transgranular to intergranular fatiguc crack path transition. This

Sulfide does not promote hydrogen uptake on unstrained, filmed steel surfaces in neutral to alkaline
aolutionsm, and therefore may not enhance da/dN for the cathodic polarization case where the crack tip
is alkaline1 "I. If cyclic plastic strain destabilizes a crack tip surface film, formed by reaction with high pH
uolution, then HS" from SRB activity could promote hydrogen uptake at the crack tip.
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pculatio is unproven.

It is necessary to determine if SRB directly act at the crack tip, or on boldly exposed

specimen surfaces, or if ions from SRB metabolism in the bulk solution migrate to such locations

to enhance hydrogen uptake.

Trauwent FCP in dt SRB kWrowuew

The observation of long-term transient crack propagation, for HY130 steel only in the

SRB solution, raises important issues for fatigue in bio-active environments. Here we open the

discussion by examining possible origins of this phenomena. Since the SRB population grew

during the fatigue experiment in the statically contained environment, da/dN could have increased

at constant AK over a 24 hour period due to increased concentrations of metabolic sulfur species.

The extent to which a solution concentration transient dominated the transient FCP was not

measured. It is difficult to maintain bacterial solutions at constant activity, compared to typical

environmental cracking experiments. Experiments must be developed to characterize the

importance of biological environment chemistry changes.

Additional causes for time-dependent da/dN at constant AK can be assessed by diffusion

calculations within the HEE framework. The effective diffusivity of hydrogen in HY 130 steel

(Dr) is 4 x 10-7 cm2/sec1381, and the diffusivity of ions (Di) in the electrolyte is 106 cm 2/sec 1 391.

For FCP in sterile NaCI (at free corrosion to modest cathodic polarization), transient crack

propagation is not observed because the elements of the embrittlement process are localized at

the crack tip. Crack solution transport, crack surface electrochemical reactions and crack tip
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process zone H diffusion i are relatively fast; H diffusion from boldly exposed surfaces is not

important 11',' 22271. If SRB rapidly migrate and populate the crack tip, then steady state FCP

should result, similar to sterile NaCI. The observed long-term transient suggests that the SRB

do not colonize surfaces, presumably because the occluded crack solution is alkaline for chloride

at -1000 mV,,11°. This conclusion is contingent on a constant SRB population.

HS'/S-, produced by bacteria throughout the bulk solution and on specimen/chamber

surfaces, could cause a FCP transient, however, ion diffusion times are relatively short. For

example, if sulfur species are produced on or near boldly exposed notch surfaces, one hour is

required for diffusion to the tip of a 4 mm deep fatigue crack. Since ion migration and

convective mixing promote ion transport to the crack tipl4°, this and shorter times are not

consistent with the observed 24 hour transient FCP. Metabolite diffusion could limit FCP for

transport distances on the order of 25 mm or larger. Remote SRB colony sites would be

important if cathodic polarization reduced SRB metabolism on and near the steel specimen due

to local alkalinity. For the current experiments with low cathodic current density and buffered

Postgate C, only solution within hundreds of microns of specimen surfaces should be sufficiently

alkaline to hinder SRB metabolism.

Finally, sulfur metabolites may stimulate H production on boldly exposed steel surfaces

with subsequent diffusion to the crack tip process zone. From diffusion calculations (footnote

j), 11 hours are required for H to diffuse through the steel over a distance equal to one-half of

the single edge crack specimen thickness. This "lag time" for hydrogen supply is consistent with

The distance (x) for hydrogen diffusion from the crack tip surface to the point of maximum stress within
the process zone is of order 5 pm (K = 25 MPa/m, ay. = 1040 MPa and elastic moduht (E) = 200
GPa)•1 '". Hydrogen will penetrate to a level of 95% of the surface concentration in a time (t) of 0.2
seconds (x = 2(DHt)'*).
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the transient cracking response of HY130 steel in SRB solution, but not with the observed crack

profiles. Similar crack front shapes were observed for HY130 in sterile NaCI and SRB at -1000

3 mV,. The environmental fatigue cracks did not preferentially advance near specimen surfaces

compared to crack penetration at the specimen midplane. Such inverse crack tunnelling is likely

when boldly exposed surface hydrogen uptake is substantial relative to the crack tip1271.

I Additionally, Austin and Walker report equal rates of FCP for bare and painted fracture

3 mechanics specimens of a C-Mn steel loaded cyclically in gaseous H2S doped seawate(2$'1° 1. This

result suggests that sulfide enhances crack tip H production, while hydrogen from boldly exposed

I specimen surfaces is not important.

3 The question of whether organic molecules from the Postgate medium adsorb on metal

surfaces to hinder H production and uptake is important11 01. The concs.ntration of dissolved H2S

in solution provides a means of assessing SRB activity and an indication of HEE severity. Media

3 cultured SRB such as Desulfovibrio mlgaris produce on the order of 500 to 2000 ppm H2SI 0 1.

Thomas and coworkers reported that FCP rates in a C-Mn steel, exposed to 200 and 600 ppm

H2S dissolved from the gas, were increased by factors of 20 and 100 respectively compared to

3 da/dN for pure seawater[2.1°1. These enhancement factors were only 10 and 15 for similar levels

of dissolved H2S, produced by SRB from algae decomposition in seawater. These results

indicate that the biological environment produced substantial sulfide species, but interfered with

Ihydrogen uptake compared to abiotic H2S. The inhibiting behavior of Postgate C is uncharted.

1
CONCLUSIONS

11. Sulfate reducing bacteria, Desulfovibrio ulgaris in diluted Postgate C, greatly enhance

I
1
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rates of fatigue crack propagation and reduce fatigue crack initiation life in a martensitic

alloy steel (HY130) under cathodic polarization (-1000 mV.). Metabolic sulfide-

enhanced atomic hydrogen uptake and crack tip process zone hydrogen embrittlement are

implicated.

3 2. Transgranular cracking, typical of fatigue in sterile NaC1 solution, changes to

intergranular cracking due to the presence of SRB.

1 3. The severity of the SRB ;ffect on growth rates and intergranular cracking is paramount

among those variables which influence environmental fatigue in C-Mn and alloy steels.

4. The deleterious SRB effects on fatigue crack propagation, and fatigue crack initiation, are

I not mitigated by cathodic polarization.

5. Transient environmental FCP in the SRB solution is likely due to time-dependent bacterial£ growth and enhanced metabolically reduced sulfides. Transient FCP at constant AK may

also be due to diffusion of metabolites from the bulk to the crack tip solution, and

hydrogen penetration from boldly exposed specimen surfaces. SRB may not colonize thea occluded alkaline crack tip.

6. Transient fatigue cracking in SRB solutions can compromise life prediction based on

£ stress intensity similitude.
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Figure 2 Fatigue crack growth rate versus applied AK for tempered martensitic HY130 steel

in vacuum["), moist air, sterile NaCi (-1000 mV.) and SRB/Postgate C at -1000
mV.,. Stress ratio and frequency were varied as shown. The arrow indicates
transient crack growth at constant AK and during the approach to steady state in
the bacterial solution.
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Figure 3 Environmental FCP in C-Mn and alloy steels exposed to sterile NaCI and

bacterially active solutions at -1000 mV,,, fixed loading frequency (0.1 Hz), and

constant R (0.05)(1].

I
I_____



HY130 STEEL18

rOy= =1040 MPa -3
DeEulfovibrio Vulgaris (Postgate C) 7.2 x 10

E A K-20.8 MPa/"rT R-0.1

16 0.1 Hz, -1OOOmVSCE
SDDay 2

I-Day 1

z
-J 143
S14 2.0 x 10-3

/

o 12

8.9x10-4 mm/cycle

10
7000 8000 9000 10000 11000 12000

CYCLES

Figure 4 Fatigue crack length versus loading cycles for tempered martensitic HY130 steel
in SRB/Postgate C at -1000 mV,, constant AK (20.8 MPa./m), frequency (0.1
Hz) and stress ratio (0.1).
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Figure 5 SEM fractographs of high AK FCP in HY130 exposed to sterile chloride and SRB
solutions, each at -1000 mVm (AK = 20.8 MPa./m, R = 0. 1 and f = 0. 1 Hz).
The crack growth direction is from top to bottom and the crack front is parallel
to the horizontal direction.
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ABSTRACT

The environment assisted cracking (EAC) behavior of two peak aged 13-titanium
alloys was characterized by a rising-load fracture mechanics method. STA Beta-
21S is susceptible to EAC under rising load in neutral aqueous 3.5% NaCl at 25°C
and -600 mV.., as indicated by a reduced threshold for subcritical crack growth
(Kin) and fully intergranular fracture. In contrast the initiation toughness (KIcj) of
STA Ti-15-3 in moist air is lower than that of Beta-21S at similar high crs (1300
MPa), but is unaffected by chloride and cracking is by transgranular microvoiding.
The EAC susceptibility of STA Beta-21S correlates with preferential precipitation
of a colonies at 13 grain boundaries, and/or with heterogeneous planar slip. Both
features, and EAC, are promoted by prolonged solution treatment at high
temperature. Based on hydrogen environment embrittlement, crack tip H could
be transported by planar slip bands to irreversible trap sites and stress/strain
concentrations at a-colony or 0 grain boundaries. Chloride EAC in Beta-21S is
eliminated by cathodic polarization (-1000 mVscE) and by static loading for times
which produce rising-load EAC. The beneficial effects of cathodic polarization
and slow crack tip strain rate could relate to reduced H production at the
occluded crack tip for the former, and to increased crack tip passive film stability
or reduced dislocation transport for the latter. STA f3-titanium alloys are
resistant, but not intrinsically immune to chloride EAC; thermomechanical
processing must be controlled for cracking resistance.



INTRODUCTION

Metastable beta titanium alloys are being developed for high performance

applicatons that require formability, hardenability, fracture toughness, and

aqueous corrosion resistancet 1 41. The environment assisted cracking (EAC)

behavior of these alloys is of particular importance for long life components

stressed in aggressive marine, oil or gas well, and medical implant

environments1 s.6 1. While the stress corrosion cracking, hydrogen embrittlement

and corrosion fatigue of a and a/ptitanium alloys have been extensively

researched17-1 1 , EAC in modern [-titanium alloys is relatively unexplored.

Solution treated and aged (STA) 3titanium alloys exhibit excellent yield

strength (ay) and fracture toughness (Kic), but are susceptible to brittle

environmentally assisted cracking in ambient temperature aqueous solutions

containing halide ions11 0 1. The EAC resistance is, however, apparently higher than

that of high strength steels and a/p-titanium alloys, where the hexagonal phase

is dominant and continuous1 "'1 . Early experiments utilizing cracked fracture

mechanics specimens demonstrated that developmental p-titanium alloys (Ti-

1 1.5Mo-6Zr-4.SSn and Ti- 13V-1 lCr-3AI; both STA)' and model Ti-Mo compositions

were prone to EAC in NaCI and KCI solutions at static or quasi-static load

threshold stress intensities (K.scc) as low as 15% of K~c18,'3-s1 . EAC in these high

strength p-titanium alloys progressed by both intergranular separation and

transgranular cleavage or "quasi-cleavage", depending on the alloy composition

and microstructure 7"", 31. EAC was exacerbated at intermediate loading rates

(crack tip strain rates), at intermediate applied electrochemical potentials (near

-600 mVscE), and by increased ao8s' 1 .

Studies of EAC in modem STA [P-titanium alloys, employing a slow strain

rate technique with smooth uniaxially loaded tensile specimens, generally

demonstrate excellent resistance to brittle cracking in aqueous NaCl at 25 0C and

near free corrosion potentials12 ,17 221 . For example, high strength Ti-3AI-8V-6Cr-

4Mo-4Zr (Beta-CTM ) was not susceptible to EAC in neutral chloride, with or without

cathodic polarization; such conditions severely cracked a/[P Ti-6AI-4VI20 ,211. Similar

All compositions are in weight percent.
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I good EAC resistance was reported for STA Ti-15Mo-3Nb-3AI (Beta-21S or

TIMETAL-21SrM)yz22, however, high strength Ti-15V-3Cr-3A1-3Sn (Ti-15-3) was

1 susceptible to brittle cracking in neutral aqueous chloride, but only at

intermediate loading rates and electrode potentials t . (The average smooth

3 specimen gauge strain rate for maximum susceptibility to EAC was about 5 x 106

sec' and the most deleterious electrode potential was -500 mVscE.) While immune

I to cracking in neutral chloride at 25°C, EAC was produced in Beta-C upon H2S

addition and with cathodic polarization 231 , upon increased temperature to above

I about 1500C 181, in an anhydrous methanol-chloride environmenthl", and after
STA[231. Fracture mechanics experiments which characterize the EAC behavior of

I modern 13-titanium alloys are limited; recent result,- suggest that Ti-15-3 resists

crack growth in chloride for mechanical and electrochemical conditions that

I embrittle Ti-6AI-4VI41.

The objective of this research is to characterize the environment assisted

crack propagation behavior of two high strength 13-titanium alloys in aqueous

chloride. Experiments are designed to control the factors that may exacerbate

EAC based on studies of high strength steels and a/13-titanium alloys. Specific

factors include: (a) a fatigue precrack and triaxial constraint,12 51 (b) dynamic crack

tip straining,'2 6' (c) high yield strength,1271 (d) controlled electrode potential,"4"',
and (e) heterogeneous a/13 microstructures1 5 8 . These results are a necessary first

step to understand the contributions of crack tip depassivation, transient

dissolution and hydrogen uptake in the environmental cracking mechanism of 0-
titanium alloys. Preliminary data were presented elsewhere1291.

EXPERIMENTAL PROCEDURE

3 Materials

Two alloys, Beta-21S (Ti-15.4Mo-3.ONb-2.9AI-0.13 0; measured wt%) and Ti-

I 15-3 (Ti- 14.9V-3.0Cr-3.2AI-3.6Sn-0. 12 0; measured wt%), were obtained as 10.2 and

9.5 mm thick hot cross-rolled plates, respectively, in a solution treated condition

I (8710 C for 8 hours and 816 0 C for 30 minutes, respectively). Oversized blanks of

each alloy were peak aged at 538°C for 8 hours before specimen machining. (ThisI
I
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condition is referred to as STA.) The resulting microstructures are similar,

consisting of a large volume fraction of fime intragranular and grain boundary a-

I plate precipitates in a 13 matrix of 100 pam diameter grains (Fig. 1). Figures lb and

1c suggest that a plates are coarser in Ti-15-3 compared to Beta-21S. While not

3 evident in Fig. 1, these two alloys exhibit dramatically different grain boundary

a precipitation, as detailed in an ensuing section. X-ray diffraction and

I transmission electron microscopy (TEM) did not resolve the co -phase in solution

treated or peak aged Ti-15-3 or Beta-21S'°,311. Athermal co-phase is not expected

i to form in highly P-stabilized Ti-15-3 or Beta-21S, upon cooling from solution

treatment temperatures, and isothermal co should not precipitate prior to a

I nucleation during subsequent peak aging of either alloy at the relatively high

temperature of 538°C[32"35'.

* Uniaxial tensile data are listed in Table I. The strength of Ti-15-3 is

variable, as confirmed by hardness (Rockwell C scale; Rc) and tensile yield

strength (as) measurements, and is generally less than that of Beta-21S. Based

on the data in Table I, and additional results1361, the yield strength and hardness

of Beta-21S and Ti-15-3 are related according to:

I cs (MPa) = -97.93 + 33.67 (R) (1)

I Equation 1 is in excellent agreement with a correlation for tempered martensitic

steels
1271.

Environmental Cracking

3 EAC resistance was characterized with a slowly rising load fracture

mechanics methodI373 91 applied to fully rotating single edge cracked specimens

I (initial crack length = 17.8 mm, thickness = 5.08 mm, width = 38.1 mm). A

servohydraulic machine was employed for fatigue precracking (load control) and

3 increasing load EAC experiments (actuator displacement control). Specimens were

fatigue precracked in the aqueous environment, involving a three day exposure,

3 and were then subjected to rising load at a constant actuator displacement rate.

Crack length was determined by a computer-automated direct current

I electric potential difference (dcEPD) method. Current polarity switching eliminated

Iptnil(cP) oai wthn
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3 Table I: Tenile Properva offSTA ,.tanlum Alloys

Alloy Tet E n RA
(MPa) (GPa) (%)

1 1 35.7 1030 94,2 0.036 21
Ti-15-3 2 1050 93.3 0.037 28

1 1315 96.6 0.032 13
Ti-15-3 2 1315 97.7 0.031 14

1 44.7 1420 102.2 0.016 6
Beta-21S 2 1430 98.2 0.015 0

1 43.8 1364 103.2 0.018 2IBta-21S 2 1352 101.8 0.018 1

I Tensile specimens were machined from the ends of broken fracture mechanics specimens.
** n is the exponent in the power-law relationship between true stress and true plastic strain.I RA - (Initial Diameter - Diameter at Fracture)/ Initial Diameter.

I thermal voltages and reference probes were used to account for temperature and

small current variations during long term experiments1 36,401. The applied current

I was typically maintained at 8.000 + 0.005 amperes by a constant current power

supply. Potential differences, local to the crack tip and between 200 and 500 AV,

I were amplified by 10,000 times and input to the data acquisition system. Crack

length was calculated from averaged measured voltages through a closed form
I solution for the edge-cracked geometry derived by Johnson 36 '°. Potential

difference resolution was ± 0.3 gV, corresponding to a crack length resolution of

3 ± 5 pIm assuming uniform advance of the crack front. Applied stress intensity (K)

was calculated from measured load and crack length (a) with an elastic solution

3 for the single edge crack geometryI41 1. J-integral calculations indicate that the

plastic contribution to Jtota is small compared to Jadc thus small scale yielding3 is maintained and elastic K analysis is sufficient'361.

A schematic of the EAC procedure is presented in Fig. 2. The critical K for

3 the onset (initiation) of crack growth is defined by the first change in the slope

of the initially linear electrical potential versus load record, when coincident with,i
I
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the onset of nonlinearity in the load versus actuator displacement record'3 .42 1.

This critical K is a lower bound (KIC) of the standardized plane strain fracture

toughness (IK) for loading in moist airH3 , and is a time or loading rate dependent

threshold (KTH) for cracking in aggressive environments'37 -391. At initiation, the

3 crack growth increment (Aa) is assumed to equal zero; subsequent crack lengths

and Aa are calculated utilizing dcEPD values normalized with the potential at the

i known fatigue precrack len •hI 3 I Environmental effects on crack propagation

are indicated by the slope of the K-Aa data, and by subcritical crack growth rates

3 (da/dt) calculated from measured crack length versus time.

Experiments were conducted in either moist air or neutral (pH 8) 0.6M (3.5

I wt%) NaCI at fixed electrode potential and 25 0 C. The central portion of the edge

cracked specimen was immersed in flowing (60 ml/min) chloride in a sealed

plexiglass chamber. Environment control was complete; no dissimilar metal

contacted the specimen, all tubing was teflon, and the electrolyte was argon

deaerated. The specimen was maintained at constant electrode potential by a

Wenking potentiostat in conjunction with a Ag/AgCl reference electrode and two

platinum counter electrodes adjacent to each side of the specimen near the

propagating crack. Reference and counter electrodes were isolated to minimize

solution contamination. Electrode potentials are reported with respect to the

1 saturated calomel electrode (mVscr).

I RESULTS

Moist Air Fracture Toughness (K1 ,c

3_ Slow rising load experiments were performed at a single actuator

displacement rate of 25.4 pm/min to obtain the moist air fracture toughnesses

3 of STA Ti-15-3 and STA Beta-21S. As shown in Table 1I, fracture toughness

decreases with increasing yield strength for each alloy; Beta-21S is generally

I tougher than Ti-15-3 at fixed ays. Kic values in Table II are for plane strain

constraint, based on ASTM Standard E813 1 '1, and are slightly less than or equal

3 to Klc from ASTM Standard E399143.411.

Fracture in moist air was predominantly transgranular for both STA Ti-1 5-3I
I
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Table l. Moist Air Fmecum Toughnmess of STA 6Thmnium Alloys*

Alloy/Test os (MPa) Ka (Mftaim)

i Ti-15-3/#2 1040" 79

i Ti-15-3/*1 1230 59

3 Ti-15-3/#3 1315 57

3 Beta-21S/#1 1285" 77

3 Beta-21S/#3 1330 66

Beta-21S/#2 1425 68

* The grip displacement rate for all experiments was 25.4 pm/min.I- ** These values are calculated from linear regression of yield strength versus hardness data.

N and Beta-21S, as shown by the scanning electron microscope (SEM) fractographs

3in Fig. 3. The fatigue crack is at the top of each fractograph in Fig. 3 and the

crack growth direction is from top to bottom, as is the orientation of all ensuing

I fractographs. The fracture process zone associated with the crack initiation

toughness is on the order of 200 pm. Higher magnification microscopy revealed

-- predominantly microvoided crack surfaces, with intermittent intergranular

cracking and possible cleavage facets for each alloy, particularly Beta-2 1S.

I Aqueous Chloride Environmental Cracking Resistance (Km)

Constant Displacement Rate Experiments STA Ti- 15-3 is resistant to

I EAC during rising load, as shown by the K-Aa curves in Fig. 4. For aqueous

chloride at a fixed potential of -600 mVsa, KT (at Aa equalling zero) ranges from

3 61 to 64 MPa4m, independent of actuator displacement rates of 1.3 and 25.4

jam/min. NaCl does not decrease the crack initiation toughness from the moistI
I
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air KY value of 59 MPa-4m for a Ti-15-3 hardness of Rc 39.4 (Crs = 1230 MPa in

Table U), or from Ka of 66 MPa4m estimated for a Ti-15-3 hardness of Rc 37.7iJI.

Resistance to stable crack extension under plane strain constraint, given by a

small but finite slope (dK/dAa), is not influenced by the chloride solution. The

difference in the slope of K versus Aa is larger for the replicate air experiments

compared to the aqueous environmental effect. The variability in the initiation

and growth resistances in Fig. 4 may be due to either cry differences or subtle

uncertainties in defining the electrical potential corresponding to crack

initiationrl 421 . Crack tip plastic deformation, microvoid damage and macrocrack

growth can each contribute to voltage increases.

Exposure to aqueous NaCI did not alter the microscopic fracture

morphology for Ti-15-3 compared to loading in moist air. A typical scanning

I electron fractograph of the crack initiation region, adjacent to the fatigue

precrack, is presented in Fig. 5 for Ti-15-3 in NaCI. As for the moist air case, the

3 crack surface is mainly populated by transgranular features indicative of

microvoid-based cracking, as confirmed by high magnification SEM observations

(Fig. 5b).

In contrast to STA Ti-15-3, peak aged Beta-21S is embrittled by rising load

in aqueous chloride, as shown by the K-ba data in Fig. 6. While Ký, is high for

I moist air (66 and 68 MPa4m, Table 1), KH ranges from 39 to 46 MPa4m for STA

Beta-21S in NaCI at -600 mVsa and two constant actuator displacement rates. The

macroscopic crack growth resistances (average dK/dAa) are similar for each

loading rate in NaCI and for each environment. The data in Fig. 6 show that the

two displacement rates were sufficiently high to offset stress intensity reductions

due to increasing specimen compliance and declining load during environmental

3 crack growth. Therefore, the rising load EAC experiments were of the increasing-

K type.

3 Aqueous NaCl caused a dramatic fracture mode transition in STA Beta-21S.

Compared to transgranular microvoid-based fracture for Beta-2 1S in moist air (Fig.

I 3b), Fig. 7 shows that EAC in chloride is almost entirely intergranular, with little

evidence of resolvable localized plasticity. The initial stage of EAC, within 25 Am

1 of the fatigue crack (top of Fig. 7), involved some transgranular cracking, similar

I
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3 to that observed for moist air, while boundary cracking initiated immediately

adjacent to the fatigue crack tip in other grains. Presumably, this distribution of

3 modes is related to the location of the fatigue crack within the various grains

along the crack front. Fatigue precracking at a loading frequency of 5 Hz and in

aqueous NaCI did not produce intergranular cracking"3 '. The transition from a

transgranular and locally ductile fracture mode to intergranular cracking is

consistent with the environmental effect on crack growth initiation resistance

shown in Fig. 6.

It is interesting that the macroscopic crack paths and causal fracture

mechanisms are markedly different for STA Beta-21S in moist air and NaCl,

however, dK/dAa are similar. The resistance to stable tearing in benign

environments (dK/dAa) is determined by rate independent intrinsic material

properties, including the process zone fracture strain and material flow

properties'l'. In contrast dK/dAa during EAC is governed by the rate of

environmental crack advance, dependent on alloy cracking resistance and

E environment chemistry, coupled with the applied crack mouth opening

displacement rate and specimen compliance. Intuitively, the crack growth

resistance slope should be less, or even negative, for EAC compared to the typical

moist air R-curve, and could approach this latter value at rapid loading rates.

This difference may be negligible for Beta-21S (Fig. 6) because crack growth

resistance is small for the plane strain moist air case.

This study emphasized KT at the onset of environmental cracking, however,

average rates of intergranular EAC (da/dt) were estimated. As indicated by the

K-Aa data in Fig. 6, stable (subcritical) crack growth occurred in STA Beta-2 IS due

to NaCl exposure and at K levels well below 1;, for moist air. For an experiment

3 at a displacement rate of 25.4 pri/min, intergranular EAC initiated at a KT of 39

MPasm and after 1220 seconds of steadily rising load; 2.0 mm of stable crack

3 growth then occurred in 180 seconds, for an average crack growth rate of 10

pm/sec. (K increased from 39 to 50 MPa4m during this amount of EAC at3 increasing load line displacement.) For the slower loading rate experiment in Fig.

6, intergranular EAC initiated at a KT of 46 MPadm, after 4.8 hours of loading;

3 subsequently, 2.0 mm of stable crack growth occurred in 1800 seconds, for an
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average da/dt of I pm/sec. (K increased from 46 to 57 MPa'dm during this

amount of EAC.) Two discontinuous crack bursts, each 300 pAm long, occurred at

K levels between KT and V4 for the slowest loading rate NaCI experiment in Fig.

6. These burst distances and the average da/dt values are based on the

I assumption of uniform crack advance along the crack front, as required to

analyze the dcEPD voltages.

j Static Load Results Fatigue precracked specimens of STA Ti-15-3 and

STA Beta-21S were statically loaded during immersion in NaCI at -600 mVsc.

I These experiments were performed at several constant K levels (35, 45, 55 and 60

MPa•4m) for 24 hour intervals, while crack length was continuously monitored by

I dcEPD. Crack growth rate resolution over a 24 hour period was about 3 x 104

pm/sec. This exposure, while short compared to classic stress corrosion cracking

experiments, is longer than the durations of the slow displacement rate

experiments represented in Figs. 4 and 6 which required 0.5 or 10 hours.

Additionally, a 24 hour hold-time would produce 17 meters of crack advance in

an EAC sensitive alloy such as STA Ti-i 2Mo-6Zr-3Sn in aqueous chloride at about -

600 mV 471.

Static loading for 24 hours did not generate resolvable environmental crack

growth for either STA TI-15-3 or Beta-21S in NaCl. In one instance NaCl-enhanced

subcritical crack growth was produced in Beta-21S, but only after 94 hours at a

K level of 60 MPa'dm. The average crack growth rate increased from about 10.2

E pm/sec to 20 pm/sec with time and crack length (from 20.2 mm to 22.2 mm) at

this constant applied K.

Effect of Applied Electrode Potential The effect of applied electrode

potential on EAC in the STA Ti-15-3 and Beta-21S/NaCl systems was investigated.

3 In addition to -600 mV.., potentials of -150 mVsa and -1000 mVscE were

employed in conjunction with the rising load method. The free corrosion

Spotential of these two 0-titanium alloys in deaerated neutral 0.6M NaCI is between

-500 and -600 mVscE.

3 Peak aged Ti- 15-3 displayed no resolvable susceptibility to EAC in aqueous

3.5% NaCl at any of the applied electrode potentials and a constant displacementI
I
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rate of 1.3 pm/min. KT values were as follows: 66 MPa4m for -150 mVs. (Rc

37.0), 61 MPahm for -600 mVsa (Rc 37.9), and greater than 65 MPa4m for -1000

mV= (Rc 36.8)2. Measured Ku equals between 57 and 59 MPa-Am for the Rc 39 to

40 hardness of Ti-1 5-3 in moist air, Fig. 4. Estimated Km equals 65 MPa-m for the

Rc 37.9 hardness of Ti-15-3 and 69 MPa/m for the Rc 36.8 moist air casem. For

each electrode potential, the crack surface was transgranular, typical of that

shown in Fig. 5 and indicative of ductile fracture without a chloride environmental

effect.

Peak aged Beta-21S exhibited EAC at -150 mVsc (and -600 mVs), but not

at -1000 mVsa, as shown by the constant displacement rate (25.4 pm/min) K-Aa

data in Fig. 8. Although KT was significantly reduced at -150 mVsa, crack growth

resistance, dK/dAa, was relatively high. The microscopic fracture mode for the

-150 mVsa case, shown in Fig. 9a, consists of intergranular cracking joined by

limited ductile tearing and supports an environmental effect. Some transgranular

cracking was present adjacent to segments of the fatigue crack. These features

are similar to those observed for the Beta-21S crack surface produced in NaCl at

-600 mVsa (Fig. 6), a condition which also produced EAC. In contrast NaCl with

an applied electrode potential of -1000 mV., did not degrade fracture

resistance relative to the behavior of Beta-21S in moist air. KrH for this case

equals Ka for Beta-21S in moist air, and the NaCl/cathodic polarization cracking

mechanism is based on transgranular microvoid coalescence (Fig. 9b) similar to

that observed for moist air (Fig. 3b).

DISCUSSION

Moist Air Fracture Toughness of STA 13-Titanium Alloys

The moist air fracture toughnesses of STA Ti-15-3 (K1c = 57 to 59 MPa4m

for crys - 1230 to 1315 MPa; Table I1) and STA Beta-21S (Ka = 66 to 68 MPa4m for

ars - 1330 to 1425 MPa) are comparable to values reported for ftitanium alloys

at similar high yield strengths'2 ,48-511. This result validates the accuracy of the

2 A data acquisition system failure preempted the conclusion of the experiment at -1000

mVsc however, stable crack growth had not initiated at an applied K of 65 MPa-,m.
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rising load experiment. Both Ti-15-3 and Beta-21S cracked by microvoid-based

processes for the moist air case, however, each fracture morphology is complex

because of the underlying two phase microstructure.

STA Beta-21S is tougher than Ti-15-3 at constant ars, in spite of some grain

boundary participation in ductile fracture. This result is notable because grain

boundaries in the Beta-21S under study were preferred nucleation sites for

colonies of a plates, as discussed in an ensuing section. (A similar result was

reported for Ti-15-3 where heterogeneous grain boundary a precipitates were

correlated with increased fracture toughness compared to a more homogeneous

a microstructurel"J.) A thin layer of grain boundary a, 0.1 to 0.2 yam thick was

observed for both STA Beta-21S and STA Ti-15-3. Finally, Beta-21S may be more

prone to localized planar slip than Ti-15-31so. Planar slip and a 1 to 10 rum thick

grain boundary a "film" are reported to degrade 1K due to strain localization in

the soft a phase or precipitate-free [3 phase, relative to adjacent a-precipitation

hardened [3, as well as due to preferred microvoid nucleation at a/[3 interfaces1.

s. This is apparently not the case for STA Beta-2IS with colonies of a at grain

boundaries. Additional factors such as the size, distribution, and strengths of a

and [3; solute (e.g., aluminum and oxygen) partitioning to each phase; and

inclusion content may affect initiation fracture toughness.

Environmental Cracking Resistance of STA 1-Titanium Alloys

The results in Figs. 4, 6 and 8 show that, while STA Ti- 5-3 resists EAC in

aqueous NaCl, peak aged Beta-21S is susceptible to severe intergranular

environmental cracking in chloride at electrode potentials near or anodic to the

free corrosion level. Table HI compares the severity of EAC in [ and a/j3 titanium

alloys to that in quenched and tempered martensitic alloy steels, at similar

strength levels and in aqueous NaCl at about -600 mVscE. For high avs (1300 MPa),

the EAC resistance of [3 Ti-15-3 is superior to that of a typical martensitic steel

such as AISI 4340.

The aWsKTH properties of STA Ti-15-3 exceed the performance of mill

annealed Ti-8-1-1; thermomechanical processing of this and other a/[3 alloys will

not generally produce the high strengths achievable with STA [-titanium alloys,

but can improve Kisccts5 . (Klscc equals about 60 MPa/m for [3-treated or a/p-treated
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Table Il Fractue Reshaftce o. Higk Srexgtk Maiwa, Allys ad Meatesdc Slees

Ti-I15-3 Bet-2 IS Ti-SA3-IMo-iV HYI30 Steel AISI 4340 Steel27!
(STA) (STA) (Mill Anneal)1521 (Quench/Temper) (Quench/Temper)

Crs (MPa) 1300 1330 850 1025 1350

Kic or Ktcj 59 66 120 110" 90 to 100
(MPadm)

Kmor Ki=cc 61 to 64 39 to 46 35 70 25
(MPa~m) (12 to 38)

* Measured by the methods employed in this study, but for 3.5% NaCl at -1000 mVs. KT
is between 70 and 100 MPa4m for HY130 steel in chloride at -600 mVsc'71.

Ti-6AI-4V in aqueous NaCl.) HY130 steel is resistant to chloride EAC, by virtue of

relatively low yield strength compared to 43401271, and intrinsically compared to

the a/f3 Ti alloy at a similar modest as of about 1000 MPa. KT results have not

been reported for solution treated, single phase P-titanium alloys in aqueous

chloride; since such alloys exhibit strengths similar to HY130 steel, high EAC

resistance is expected unless slip localization1 30'1 31 or dynamic plastic strain12 '71

prove to be detrimental.

Hydrogen Environment Embrikement Mechanism Our working

hypothesis is that EAC in the STA k-titanium/25 0C aqueous chloride system is

caused by crack tip hydrogen production, uptake, and process zone

embrittlement; the so-called hydrogen environment embrittlement (HEE)

mechanisms54"'7. For Ti alloys, the elements of HEE include: (1) anodic

dissolution of Ti and the alloying elements to produce hydrolyzable cations which

lower the crack tip solution pH15 ,8 '5 , (2) dissolution-coupled hydrogen ion and

water reduction reactions on bare Ti158.591, (3) transient crack tip repassivation to

reduce cathodic hydrogen production and to form a barrier film to atomic

hydrogen (H) uptake, (4) film rupture by crack tip strain, (5) H transport within

the crack tip process zone, by bulk diffusion and possibly grain boundary

diffusion or dislocation transport, (6) H partitioning to microstructural trap sites,

and (7) process zone embrittlement, possibly involving titanium hydride
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formation In either the a or p phases, Interface or lattice plane decohesion, as well

as localized plasticity. Here, we qualitatively examine microstructure, loading rate

and cathodic polarization effects on NaCI EAC of Beta-21S within the framework

of HEE.

Effect of flftanlum Microstructure on EAC While many n-titanium

alloys resist EAC, at least in modestly aggressive aqueous chloride solutions"0t•°,

it is necessary to determine the conditions which promoted intergranular cracking

In peak aged Beta-21S.

Effect of Yield Strenath on EAC: STA Beta-21S was stronger than STA Ti-

15-3, with RC varying between 41 and 45 for edge cracked specimens of the
former alloy (Figs. 6 and 8), and between 36 and 38 for Ti-15-3 (Fig. 4). While KTH

decreases with increasing a., for martensitic steels In NaCl1271, the data in Fig. 6

suggest similar KT for Beta-21S at hardness levels of RC 41 and 45 (Cys of 1283

and 1417 MPa from Eq. 1). Solution treated (816°C for 30 minutes) specimens of
Ti- 5-3 were aged at 51O0 C for 14 hours to produce higher hardness (Rc 41 to 42)

compared to the standard (5380C) 8 hour age. The moist air K. for higher

strength Ti-i 5-3 equalled 57.1 MPa'lm, while KTH for slow displacement rate (25.4

pim/min) loading in NaCI (-600 mVsc) equalled 50.7 MPa'lm. The corresponding
fracture modes were transgranular and dimpled for both air and NaCl, with a
small amount of intergranular cracking for the latter. These results indicate that

the EAC resistance of Ti-15-3 may decrease with increasing cy this trend should

be defined for very high strength levels. This modest decline in KTH with

increasing ay, is not sufficient to explain the sensitivity of Beta-21S to

intergranular EAC.

Effect of Solution Treatment Conditions on Microstructure: The contrasting

chloride EAC resistance of STA Ti-15-3 versus the susceptibility of STA Beta-2 IS
may be traced to either microstructural or slip mode differences derived from

variations in thermo-mechanical processing and solution heat treatment. Optical

microscopy, SEM and TEM of each alloy in the under 3 and peak aged conditions

Specimens of solution treated Ti-15-3 and Beta-21S were under aged at 538°C for I hour
to clarify the initial stage of ai precipitation in the otherwise complex peak aged
microstructures.
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reveal extensive a precipitation at [3 grain boundaries in Beta-2 IS, but not in Ti-15-

3. This behavior is clearly detailed by the underaged microstructures represented

in parts a and c of Figs. 10 (optical) and II (SEM). For Ti-15-3 (Figs. 10a and 1ia),

relatively homogeneous a precipitation occurs within [ grains after the short

under aging time; large a plates only infrequently nucleate on or adjacent to p

grain boundaries. In contrast for under aged Beta-21S, a large amount of a

initially nucleates on or near [3 grain boundaries, and grows in a colony

morphology toward grain interiors (Figs. lOc and 11c). Intragranular a

precipitation is limited for under aged Beta-2 IS. While considerably more difficult

to discern, peak aged Ti-15-3 exhibits homogeneously distributed a plates within

[ grains, with limited grain boundary a colonies (Fig. ib). In contrast STA Beta-

21S exhibits intragranular a plates and coarse grain boundary a colonies, as

detailed elsewhere 381 . These peak aged microstructures are consistent with the

likely further evolution of the structures shown in Figs. 10 and 11. Extensive

grain boundary a colonies should not form in Ti-15-3, during longer time aging,

given the extensive intragranular precipitation at short aging times.

Grain boundary microstructures are amplified by the TEM results in Fig. 12.

Beta grain boundaries in under aged Ti-15-3 in fact contain a 0.1 pm thick layer

of a (Fig. 12a). This boundary a does not substantially grow during additional

aging to the peak strength condition, however, a plates separately nucleate and

grow within grains (Fig. 12b). The micrograph in Fig. 12c for peak aged Beta-2IS

shows that an a layer is present at [5 grain boundaries, analogous to Ti-15-3, and

suggests that colony a forms from this grain boundary a layer in Beta-21S.

Colony a in Beta-21S is generally normal to the [3 grain boundary (Fig. 12c), while

a plates near grain boundaries in Ti-15-3 appear at one or more varied angles

typical of a crystallographic relationship with the [3 matrix (Fig. 12b). The colony

morphology of a has not been widely reported, however, there is precedent for

this microstructuret 51 1 .

Homogeneous intragranular a precipitation in [-titanium alloys is promoted

by several factors including dislocation sites typical of partial recovery and

recrystallization during hot working and solution treatment, post-solution

treatment cold work, a supersaturation of vacancies quenched from solution
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temperatures, lower aging temperatures, as well as by precursor co or J'

precipitates 128' 32,34' 35'51 ,0'6 11. Athermal and "isothermal* o) can form in metastable 13-

titanium alloys during cooling after solution treatment132,3 35 '1, however, this phase

was not observed by X-ray diffraction and TEM of either solution treated or STA

Beta-21S and Ti-15-3. The correlation between the somewhat higher solution

treatment temperature for STA Beta-21S and boundary a is not consistent with a

simple argument based on vacancies. Perhaps the quenched in vacancy

concentrations were similar for Ti-15-3 and Beta-21S, aged at 8160 C and 8710 C,

respectively, and cooled at unknown rates. Additionally, vacancies influenced a

precipitation at low aging temperatures, but not at the higher level (5380 C)

employed in the current work161 1.

The difference in solution treatment conditions, 8 hours at 8710 C for Beta-

2 1S compared to 30 minutes at 8160C for Ti-15-3, causes grain boundary a-colony

precipitation for the former alloy. To investigate this hypothesis, as-received Ti-

15-3 was resolutionized at 10380 C for 2 hours1 361 or at 9500C for 12 hours'30 1.

Metallographic analyses summarized in Figs. 10b and 11b reveal preferential a-

colony precipitation at Ti-15-3 grain boundaries, for both solution treatments

followed by under aging, similar to Beta-21S. These experiments confirm the

importance of high solution treatment temperatures and longer times in

promoting grain boundary a-colony precipitation after short aging times. This

effect can be explained by heterogeneous a nucleation at dislocation substructure

in preference to grain boundary sites. Higher solution treatment temperatures

and longer times could promote recovery and recrystallization. Sites for

heterogeneous a nucleation are then limited to grain boundaries; a precipitation

within grains is less likely compared to the more homogeneous precipitation

produced for a partially recovered and recrystallized microstructure. Once

intragranular a forms, extensive grain boundary colony a precipitation is unlikely.

Effect of Solution Treatment and Microstructure on EAC: The hypothesized

importance of solution treatment condition on EAC resistance is supported by the

experimental observation that resolution treated and peak aged Ti-i 5-3 (1038 0 C

for 2 hours; RSTA) is susceptible to EAC in NaCl, as demonstrated in Figs. 13 and

14. The moist air K,, for this case is higher (74 MPa~m in Fig. 13) than that for
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short-time low temperature STA Ti-i5-3 (57 to 59 MPa4m in Fig. 4) at constant

yield strength (Rc 39 + 1). This result parallels the higher moist air fracture

toughness of STA Beta-21S, including the point that fracture involved a modest

amount of grain boundary cracking. Ký for high temperature RSTA Ti-15-3 in3 NaCI (64 MPa'm) is less than the IKc value (74 MPa~m), in contrast to essentially

equal KT and Kic1 for low temperature solution treated and peak aged Ti-15-3 (Fig.

4). As shown in Fig. 14, EAC of RSTA Ti-15-3 is more intergranular compared to

both transgranular cracking of the lower temperature solution treatment

I condition in NaCl (Fig. 5), and transgranular/intergranular cracking of RSTA Ti-15-

3 in air1361. STA Beta-21S is more susceptible to EAC in NaCI compared to RSTA

I Ti-15-3.

Intergranular EAC in STA Beta-2 1S, and to a lesser extent in RSTA Ti-15-3,

may be traced to one or both of two microstructural features which are similarly

produced by higher temperature-long time solution treatment; that is, a

precipitate colonies at J3 grain boundaries and highly localized planar slip. Given

the metallographic results in Figs. 10 through 12, as well as the EAC results in

Figs. 13 and 14, intergranular EAC could be due to grain boundary a. Considering

I grain boundary microstructure, both Beta-2 1S and Ti-15-3 exhibit a similar 0.1 pm

thick layer of boundary a which could hydride due to the low solubility of H in

this phase relative to p3[4, 8,62). This grain boundary microstructure similarity does

not explain the observed difference in EAC resistance. The prominent a colonies,
I unique to grain boundaries in STA Beta-21S and RSTA Ti-15-3, could hydride and

promote EAC, particularly if crack tip potential and occluded solution

3 acidification by hydrolysis promote hydrogen entry. There is no fractographic

evidence that this happened. The intergranular facets shown in Fig. 7 seem to be

3 free of the microscopic detail which would be expected if EAC progressed though

hydrided a colonies. (One explanation for the lack of hydrided grain boundary

3 za could be that this phase contains high Al, partitioned from the 03 phase.

Hydriding is suppressed in Ti-Al binary alloys1 631.)

3 Pound employed an electrochemical technique to conclude that hydrogen

is more strongly (irreversibly) trapped in STA Beta-21S compared to reduced butI
I
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3 similar trapping in both solution treated and STATi-15-3 1 6 5 1.1 He speculated that

hydrogen was irreversibly trapped at a/03 interfaces associated with the a-colony

microstructure, and that this hydrogen localization explains the severe

intergranular EAC in STA Beta-21S, but not in STA Ti-15-3. It is plausible that an

increased hydrogen concentration at interfaces which are demonstrated brittle

crack paths (Fig. 7) can lead to increased EAC susceptibility through the HEE

I mechanism127.5 41 . Hydrogen trapping at a/03 interfaces in STA fI-titanium alloys

could result from misfit strain, and could depend on the compositions of the a

I and p phases through changes in the lattice parameter of each'I~. Alternately, a-

colony interfaces could be disordered, particularly if not crystallographically

I related to the p matrix or at a plate ends, and hence irreversible H trap sites1 66.

While it is reasonable to expect different H trapping behavior for STA Beta-21S

with colony a, compared to Ti-1 5-3, the detailed interfacial structures have not

been defined.

The correlation between grain boundary a-colonies, H trapping and

I intergranular EAC susceptibility in STA Beta-21S, RSTA Ti-15-3, and other D-

titanium alloys is highly speculative 1 "465 1 . These electrochemical measurements

do not prove a dominant role of hydrogen trapping in EAC, because trapping is

but one element in a complex cracking process that depends on a variety of alloy

and microstructure-dependent factors. The micromechanical and chemical details

of the HEE mechanism are uncertaint27361. It is necessary to define the precise

crack path through p grain boundaries with adjacent a colonies. Colony a may be

hard and prone to EAC due to partitioned aluminum in ordered solid solution, or

3 causing Ti3Al precipitation analogous to a/0 titanium alloys'. 471 While plastic

deformation would localize in softer adjacent 0148`01, aluminum hardened a could

3 constrain this phase and promote high stresses normal to the a/p boundary, and

thus favor hydrogen enhanced decohesion. It is equally reasonable to speculate

3 that EAC is dominated by locally intense planar slip. This view is supported by

the observation that solution treated Beta-21S is more susceptible to

4 Pound studied specimens of Beta-21S and Ti-15-3 that were provided from the current
research.

I
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I embrittlement by internally predissolved H compared to Ti-15-3, in the absence

of any a and associated hydrogen trap sites1 '03 1 1 .

Young demonstrated that high temperature-long time solution treated,

single phase Beta-21S (8710C for 8 hours) and Ti-15-3 (9500C for 12 hours) each

I deform by intensely localized planar slip130.1 31. In contrast low temperature-short

time solution treated Ti- 5-3 deforms by localized but significantly more irregular

I (wavy) slip. While the solution treatment effect on slip mode in single phase 1p is

clear, the causal mechanism and the effect of a precipitation on this deformation

I mode in STA alloys were not determined'3 °0 s-. It is reasonable to speculate that

slip is more intensely planar in STA Beta-21S compared to the standard solution

I treatment of STA Ti-15-3. Okada et al. report that slip localization in the 1p matrix

of Ti-15-3 is enhanced by colonies of shearable fine a plates compared to slip

homogenization from large intragranular a plates in multiple orientations . TEM

showed that intragranular a in low temperature-short time solution treated Ti- 15-

3 and Beta-21S was similarly of the Burger's orientation (viz., (1 1O)p //(0001). and

I [111]p//[11-20IL). This phase was somewhat larger in STA Ti-15-3, due to earlier

nucleation during peak aging, and could further homogenize slip. In contrast

I grain boundary a colonies could further intensify localized slip for STA Beta-2 1S

(and in high temperature long-time solution treated Ti-15-3) if colony a plates are

crystallographically aligned to favor easy passage of slip'6 71.

The microstructural factor which governs EAC in STA 3titanium alloys

could, therefore, be locally intense planar slip as reported for a variety of

aluminum1 6 1 and a/10 titanium1 7' 1-, alloys. Beta composition, the a-colony

structure, and perhaps high aluminum in this a could favor localized slip which

would intersect 1p grain boundaries. Such slip could promote H transport from

3 the crack tip surface, H trapping at deformation induced interfacial defects (e.g.,

microvoids), and local stress/strain concentration; all of which could contribute

to increased HEE136 1.

Processing could mitigate chloride EAC in 13-titanium alloys. Either cold

deformation of high temperature-long time solution treated Beta-21S prior to

aging, or lower temperature-short time solution treatment, should provide

3 intragranular nucleation sites for a precipitates and perhaps alter slip localization.

I
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3Duplex temperature aging may uniformly nucleate a on precursor co or D' sites and

reduce the likelihood of grain boundary a colonies'28 1. STA P3-titanium alloys with

homogeneously distributed a precipitates should be more resistant to EAC, at

least in modestly aggressive aqueous chloride environments.

IEffect of Loading Rate on EAC At issue is why NaCl EAC in STA Beta-

21S was not produced during constant load exposures for times that were an

order of magnitude longer than those which produced intergranular

embrittlement during rising load. As reported for several cz/J3 and 13-titanium

alloys including Ti-15-3, aqueous EAC is maximized at intermediate loading rates

for both smooth uniaxial tensile specimens17 1 and precracked fracture mechanics

specimens1'.261., The lack of resolvable EAC during constant load exposures of

STA Beta-21S and Ti-15-3 is consistent with this trend. For a stationary crack, the

tip strain rate at constant load is determined by the process zone creep rate amn

is probably orders of magnitude slower than the crack tip strain rates typical of

the rising load experiments which produced intergranular EAC, Figs. 6 and 81361.

I Average crack growth rates for peak aged Beta-21S in NaCI increase with

increasing loading rate at stress intensities below lKci. Since absolute KT levels

5 were similar for the two loading rates represented in Fig. 6, a 20-fold increase in

crack tip strain rate at any location within the crack tip process zone resulted in

a 10-fold increase in da/dt estimated from electrical potential measurements of

crack length. This behavior is intrinsic to EAC in Beta-2 1S.6 Since stress intensity

did not decline during EAC extension at either rate (Fig. 6), there is no

macroscopic driving force or compliance-based explanation for the reduction in

5, da/dt with decreasing loading rate or crack tip strain rate.

Reduced da/dt and increased KTH with decreasing strain rate are predicted

5 by crack tip film rupture and anodic dissolution modeling of EAC'691. The amount

3 Analogous behavior is not observed for all a/P titanium alloys. Severe aqueous chloride
EAC, with KIscc well below Kic, was produced by static loading'25's 2t . KT was claimed to be
minimized at intermediate loading rates, however, only a modest range of strain rates wasj investigated and constant load experiments were not conductedw2 .

6 Average crack growth rates during stable tearing in a benign environment increase in direct
proportion to the imposed load line displacement raterl' This behavior only occurs at
applied K levels above I&c and is not relevant to subcritical EAC.
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of dissolution charge passed per unit time, and da/dt, decrease as the frequency

of rupture events decreases due to decreased crack tip strain rate. Alternately,

3 this strain rate effect can be qualitatively explained based on HEE. Hydrogen

production, uptake and embrittlement could be severe at crack tip strain rates

5 which balance surface passive film destabilization, or rupture (promoted by

increased loading rate), the time necessary for H diffusion into the crack tip

process zone (promoted by decreased loading rate), and dislocation transport of

H to the crack tip region (promoted by increased loading rate up to a critical

I dislocation velocity)'II. Static loading may not provide the strain rate and

accumulated strain necessary to mechanically destabilize or rupture the crack tip

passive film; this film could hinder H production and/or uptakeI56'. Alternately,

static load strain rates may hinder dislocation motion to transport H from the

crack tip surface to trap sites within the process zone, for example at p grain

boundaries and a colonies. The displacement rates represented in Figs. 6 and 8

provide the balance between film destabilization, H diffusion, and dislocation

transport of H for severe intergranular EAC in the Beta-2 IS/aqueous NaCI system.

The relative contributions of each factor remain to be established, as does the

extent of EAC at higher loading rates where H diffusion, dislocation transport of

H and perhaps electrochemical reaction, nay be precluded.

5 The limited observation of crack bursting for Beta-2 1S in NaC1 is consistent

with discontinuous HEE, however, bursting must be systematically characterized.

g Effect of Electrode Potential on EAC That intergranular NaCl EAC in

STA Beta-21S is mitigated by cathodic polarization (Fig. 9) is explainable based on

HEE, provided that local electrochemical conditions near the crack tip are

considered. HEE in the ferritic steel/NaCl system is promoted at anodic

I potentials, where enhanced dissolution promotes hydrolytic acidification and H
production at the occluded crack tip, as well as at cathodic potentials where H

I production increases due to increasingly rapid water reduction kineticsi5 ,.61.

The situation is different for f3-titanium alloys in aqueous chloride.

B Hydrolysis, substantial IR-based crack tip potential differences, and consequently
enhanced proton reduction, enable H production and uptake at free corrosion and

I anodic potentials. A crack tip passive film forms and is periodically ruptured by

I
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crack tip strain; the potential of the bare metal is significantly cathodic (e.g.,

-1600 mVscr to the free corrosion potential6 'e. With increasing cathodic

3- polarization, acidification is reduced and the crack tip solution becomes alkaline

due to increased water reduction producing hydroxyl ions. Recent experiments

3 with scratched electrodes of 0-titanium alloys in simulated crack solutions show

that current versus time behavior and repassivation rates are similar for pH 1

I- conditions (approximating solution at the crack tip at free corrosion), pH 8 (a

lower bound simulating the crack tip during cathodic polarization at -1000 mVsE),

and pH 10 solutionlzhi. Critically, however, the rates of cathodic H production are

several orders of magnitude lower for the alkaline cases, at a potential of -1600

I mVscE, which simulates the mechanically bared crack tip.

We speculate that KT for NaCl EAC in STA Beta-21S is low at -600 mVsc

because of substantial H production and uptake from acid solution at the crack

tip, analogous to the steel case. KT increases to equal KV with increasing

cathodic polarization because H production is greatly reduced for bare titanium

in alkaline crack solution, in contrast to the steel case.

* CONCLUSIONS

1. Peak aged Beta-21S is susceptible to environment assisted cracking (EAC)

3, in aqueous NaCl at -600 mVSCE when subjected to rising stress intensity.

The threshold to initiate subcritical crack propagation (KTH = 39 to 46

WMPafm) is significantly reduced compared to the plane strain fracture

toughness of 66 MPa4m, and environmental crack propagation is fully

3 intergranular for STA Beta-2 IS in chloride compared to microvoid-based for

moist air.

g 2. The crack initiation fracture toughness (57 to 64 MPa'lm) and transgranular

microvoid fracture processes for STA Ti-i5-3 are unaffected by aqueous

B chloride exposure for several slow loading rates and applied electrode

potentials. Intergranular EAC in peak aged Ti-15-3 is promoted by

increased solution treatment temperature and/or time.

£ 3. Intergranular EAC in STA Beta-21S and RSTA Ti-15-3 correlates with the

I
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presence of preferentially precipitated a-colonies at 10 grain boundaries

and/or highly localized planar slip; both features are promoted in each

alloy by high temperature-long time solution treatment. The relative

importance of boundary a-colonies and planar slip is not established,

however, hydrogen trapping at a/P interfaces coupled with stress and strain

localization near ft grain boundaries may be important.

4. EAC in STA Beta-21S is eliminated by applied cathodic polarization at -1000

mVa-; and occurs, but is not exacerbated during anodic polarization at

-150 mVy.

5 5. EAC in peak aged Beta-21S is not produced during static loading for times

similar to the deleterious rising load case, and average subcritical EAC

5 growth rates decrease with decreasing crack tip strain rate.

6. EAC in STA Beta-2 1S may proceed by hydrogen environment embrittlement.

The beneficial effects of cathodic polarization and slow crack tip strain

rates are speculatively traced to reduced hydrogen production and entry at

the occluded crack tip for the former, and to increased crack tip passive

film stability or reduced dislocation transport of hydrogen for the latter.

7. The 256C chloride EAC resistance of STA 13-titanium alloys can be superior

to that of quenched and tempered martensitic steels at similar high

strengths, certainly for cathodic polarization and short term static loading.

Beta titanium alloys are not, however, intrinsically immune to chloride EAC;

thermomechanical processing must be controlled for cracking resistance.
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Figure 1 (a) Optical micrograph of as-received solution treated Beta-21S, and
scanning electron micrographs of solution treated and peak aged
(STA): (b) Ti-15-3 and (c) Beta-21S.
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Figure 2 The rising load EAC experimental method. (K is defined at zero crack
extension, while stable crack growth is characterized by dK/dela and by
daldt.)
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Figure 3 Scanning electron fractographs for: (a) STA Ti-15-3 in moist air and (b)
STA Beta-21S in moist air. The fatigue crack is at the top of each
image and the crack grew from top to bottom.
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Figure 4 K-Aa data for STA Ti-15-3 in air and 3.5% NaCl (-600 mVscE) at two
fixed actuator displacement rates. Hardness values (R,) for each
specimen are given in the legend.
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Figure 5 Scanning electron fractographs for STA Ti-15-3 in 3.5% NaCI (-600
mVSCE and 25.4 pm/min) at: (a) low magnification showing the fatigue
precrack (top) and initial cracking in the aqueous solution and (b) high
magnification showing microvoids.
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Figure 6 K-Aa for STA Beta-21S in air and 3.5% NaCi (-600 mVscF) at twoI loading rates. Hardness values (R) for each specimen are in the legend.
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I Figure 7 Scanning electron fractograph for STA Beta-21S in 3.5% NaCI at -600

mVsc, and an actuator displacement rate of 25.4 jnn/min.
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1 Figure 9 SEM fractographs of STA Beta-21S in NaCi at: (a) -160 mVsc and (b)
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Figure 10 Optical micrographs of underaged (1 hour at 5380C): (a) as received

solution treated (8160C for 0.5 hours) Ti-15-3, (b) resolution treated
(9500C for 12 hours) Ti-15-3, and (c) as received solution treated (8710C3 for 8 hours) Beta-21S.
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Figure 11 Scanning electron micrographs of underaged (1 hour at 538°C): (a) as
received solution treated (8160C for 0.5 hours) Ti-15-3, (b) resolution
treated (1038°C for 2 hours) Ti-15-3, and (c) as received solution treated
(8710C for 8 hours) Beta-21S.
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-- Figure 12 Transmission electron micrographs of: (a) underaged (I hour at 538°C)
II Ti.15-3, (b) peak aged (8 hours at 538°C) Ti-15-3, and (c) peak aged (8
-- hours at 538°C) Beta-21S; all beginning with the as received solution

treatments.
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Figure 13 K-Aa for resolution treated (103800 for 2 hours) and peak aged (8 hours
at 53800) Ti-15-3 in moist air and NaCi (-600 mVsc), for a single

displacement rate of 25.4 pm/min.



Figure 14 SEM fractograph of resolution treated and peak aged Ti-15-3 in NaC1 at1 -600 mVscE and a displacement rate of 25.4 pm/min.
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ABSTRACT

The effects of electrochemically introduced hydrogen on the room temperature mechanical
properties of two 8 titanium alloys, Ti-15V-3Cr-3A1-3Sn and Ti-15Mo-3Nb-3A1 are compared.
Solution heat treated (SHT), peak aged (PA), and duplex aged (DA) conditions are investigated
using notched tensile bars and Bridgman's analysis of longitudinal stress and average effective
plastic strain. T1i-15Mo-3Nb-3A1 is more susceptible to hydrogen embrittlement than Ti-15V-3Cr-
3AI-3Sn based on reductions in longitudinal stress, plastic strain, and changes in fracture mode at
hydrogen concentrations above 1000 wt. ppm. Hydriding of the a and B phases was not observed
over the range of hydrogen concentrations investigated. Instead, changes in fracture paths with
hydrogen are correlated with deformation behavior and a precipitation. The susceptibility of Ti-
15Mo-3Nb-3A1 is attributed to a high temperature, long time solution treatment which affects
deformation behavior in the SHiT condition and promotes grain boundary a precipitation in the PA
condition. The high temperature solution treatment removes a nucleation sites from grain interiors
and promotes planar slip. Subsequent a precipitation occurs preferentially on B grain boundaries
and, lastly, in grain interiors resulting in fine intragranular precipitates. It is hypothesized that fine
intragranular a plates as well as aligned boundary a colonies are readily sheared and also promote
planar slip in the PA condition. In contrast, a lower temperature, shorter duration solution
treatment for ri-15V-3Cr-3AI-3Sn results in wavy slip and more homogeneous, slightly coarser a
precipitates upon aging, which may be less prone to slip localization by dislocation shearing,
Localized planar slip and grain boundary a colonies are believed to promote both internal hydrogen
embrittlement and aqueous environmentally assisted cracking.
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keywords: a precipitation, 8-titanium alloys, Bridgmands analysis, cleavage, deformation mode,
fracture path, hydriding. hydrogen embrittlement, hydrogen trapping. intergranular cracking.
multiple slip, planar slip, stress corrosion cracking. transgranular cracking

INTRODUCTION

Modern 8 titanium alloys are candidates for room temperature marine and aerospace
applications due to their excellent strength, toughness, formability, and resistance to general and
crevice corrosion0". Although the stress corrosion resistance (SCC) of a and a + B titanium alloys
is well characterized, the environmental cracking resistance of aged B titanium alloys is less well
reported in the literature(64). 8-titanium alloys (Ti-11.5Mo-6Zr-4.5Sn, Ti-13V-11Cr-3Al, and binary
Ti-Mo compositions) are susceptible to stress corrosion cracking in ambient temperature neutral
halide containing solutions in fracture mechanics experiments '"). Fracture occurs both
intergranularly and by (100} cleavage0).

SCC susceptibility is found to be a strong function of electrochemical potential and increasing
yield strengthtMl). However, the potential dependency observed for SCC of 8-titanium differs from
that observed for bcc ferrous alloys long known to be prone to hydrogen embrittlement cracking
in halide containing aqueous environments. Spec, cally, cracking is exacerbated at a potentials near
-600 mV vs. SCE for 8-titanium alloysm). Cracking also occurs at more positive potentials but is
not observed at potentials more negative than approximately -1000 mWA"1 ). In contrast, a different
trend is observed in the case of steels of similar yield strengths. Greater susceptibility is observed
at increasingly negative potentials relative to -600 mV vs. SCE as well as at more positive
potentials(1"14. In faC the minimum in susceptibility occurs in the range of approximately -500 to -
700 mV vs. SCE in neutral halide containing solutions. The increasing susceptibility trend with
cathodic polarization in the case of steel occurs due to the strong correlation between
embrittlement susceptibility and fracture process zone hydrogen concentration which depends, in
turn, on the supply of hydrogen from the reduction of water reactiond'"). The anodic trend is
attributed to ferrous and ferric ion hydrolysis, local acidification, enhanced hydrogen production
and its absorption from the environment established at occluded sites(u). In the case of 8-titanium,
different controlling electrochemical parameters may allow hydrogen production and entry to occur
within the -500 to -700 mV potential range, or entirely different mechanisms govern aqueous room
temperature SCC.

Based on the observed lack of SCC susceptibility at -1000 mV, the ability of titanium's compact
surface oxide film to limit hydrogen entr), its rapid repassivation rate 1 41 ý, and the high hydrogen
solubility of the beta matrix("), hydrogen may be prematurely dismissed as an unlikely embrittling
agent for 8-titanium alloys. However, the role of hydrogen in the room temperature aqueous SCC
of B-titanium alloys at potentials near -600 mV SCE should be examined more thoroughly for the
following reasons. Hydrogen production is thermodynamically assured at the transiently bare crack
tip in the case of Ti due to the negative equilibrium potentials associated with the Ti/Ti 2 and
Ti/Ti÷3 oxidation reactions (e.g. -1.87 and -1.21 V vs. SCE at 1 M Ti*2 and 1 M Ti÷3

concentrations, respectively)"9 ) and the likelihood of significant IR-based voltage differences
between transiently bare cracks and external surfaces( 6). Ti+3 cations are hydrolyzable; a pH < 1.3
has been reported at pit sites while a pH as low as zero is measured when dissolving TiC13 under
deaerated conditions simulating an occluded crack(167-"). Moreover, hydrogen transport rates in
B-titanium (e.g. .I-8xI0"7 cm2/sec at 25CC) are similar to that of bcc steelst"-3) and, consequently,
are not expected to limit fracture process zone hydrogen accumulation in monotonic loading
experiments at slow strain rate. Finally, hydrogen embrittlement susceptibility is well established
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for high strength bcc materials particularly as yield strength is increased"). For these reasons,
internal hydrogen should be examined as a possible contributor to room temperature aqueous SCC
phenomena.

To date, however, the relative importance of internal hydrogen as either a contributor or the
root cause of room temperature aqueous embrittlement of B-titanium alloys has not been
unambiguously distinguished from aqueous dissolution. Clearly, both binary beta titanium alloys as
well as early developmental B alloys (Ti-13V-11Cr-3AI) can be susceptible to hydrogen
embrittlement. Shih and Birnbaum have shown that the solution treated beta alloy Ti-3OMo is
extrinsically embrittled through the formation of the fcc 6 hydride containing 66 at% hydrogen€').
Solution treated beta alloys are also intrinsically embrittled by hydrogen at bulk concentrations well
below that required to produce hydriding of the B matrix`21 "r. Gerberich, et al., have shown a
continuous decrease in the fracture stress of solution annealed Ti-3OMo containing 20-1800 ppm3 by weight of hydrogen without the formation of a hydride(r7. Nakasa and co-workers studied Ti-
13V-IlCr-3AI and found a decrease in bending strength for both the solution annealed and peak-
aged conditions, again without detection of hydriding in either the a or B phases at hydrogen3 concentrations up to 15,000 wt. ppm). A (100) cleavage plane was identified on flat fracture
surfaces in both the solution annealed and aged conditions. The fct e hydride was detected under
extreme autoclave conditions at hydrogen concentrations of the order of 40,000 ppm€3 ). HydrogenU was also implicated in the aqueous cracking of aged B-titanium alloy Beta-C (Ti-3AI-8V-6Cr-4Mo-
4Zr)("). In this study, embrittlement was only observed when pre-cracked specimens were
cathodically polarized in H2S containing acidified chloride solutions. Previous studies of a-B and
metastable B-titanium alloys in aqueous solutions also attribute environmental cracking to a
hydrogen environment assisted cracking mechanism 1"XII. Coincidentally, a (100) cleavage
plane(") as well as intergranular separationd' 11 ) are observed. Factors supporting a time dependent
hydrogen embrittlement phenomena for Ti-15Mo-3Nb-3A! in aqueous solutions include (a)
electrochemical conditions at the crack tip which favor hydrogen production, (b) a loading rate
dependency, (c) and discontinuous crack bursts(1W.

This paper seeks to define the effects of a broad range of internal hydrogen concentrations on
the room temperature mechanical properties of solution annealed, peak aged, and duplex aged beta
titanium alloys Ti-15Mo-3Nb-3AI and 15V-3Cr-3AI-3Sn and to correlate hydrogen assisted cracking
to observed aqueous, environmentally assisted cracking(M1 ). Here, electrochemical pre-charging of
aged or solution heat treated material is conducted near ambient temperature to avoid the
complications of hydrogen induced a phase stabilization common to high temperature gaseous
charging studies('). Mechanical testing of pre-charged specimens is performed in air, to decouple
hydrogen effects from other aqueous embrittlement mechanisms which may complicate in-situ SCC
studies. The strong permeation barrier provided by the titanium oxide is exploited to minimize
outgassing of precharged hydrogen during the duration of these tests. Embrittlement is quantified
as a function of maximum longitudinal stress, plastic strain at maximum load, and total hydrogen
concentration. Hydriding of the a and B phases is investigated through x-ray diffraction.
Metallographic, plastic deformation mode and fractographic features are correlated with mechanical
property data and likely fracture scenarios are discussed.

I

I
I
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3 EXPERIMENTAL

Metalwg

I- Cross rolled plates, nominally 10 mm thick. of Ti-15V-3Cr-3Sn-3AI (referred to as 15-3) and
Ti-15Mo-3Nb-3Al (referred to as 21S) were received in the solution annealed condition. The Ti-

* 15V-3Cr-3Sn-3AI alloy was solution heat treated (SHT) at 816°C for 0.5 h while the Ti-15Mo-3Nb-
3AI alloy was SHT at 871*C for 8 h (Table 1). Average grain sizes of 90 and 100 gsm were
determined for 15-3 and 21S, respectively. Solution annealed (SLIT), single step peak aged (PA),3and duplex aged (DA) heat treatments were investigated. Duplex aging was performed in an
attempt to promote a finer, more homogenous a distribution and avoid preferential precipitation
on B grain boundaries(3 0. Preferential a precipitation has previously been associated with increased3 susceptibility to stress corrosion cracking, hydrogen embrittlement, and intergranula cracking(,s.
Table 1 details the heat treatments and corresponding hardness of each condition. Air tensile
properties are reported elsewhere" 1 r. Both PA and DA 21S exhibited preferential nucleation ofI a plates at B grain boundaries while a plates nucleated intragranularly in both PA and DA 15-3.
This difference in nucleation behavior is identified metallographically after a one hour age at 538*C
as shown in Figure la and b. Dark field transmission electron microscopy (TEM) analysis also
revealed a 0.1 &m thick a film along B grain boundaries in both 21S and 15-3 after aging at 538°C.
Aligned plate-like a colonies were observed perpendicular to B grain boundaries in the 21S alloyIboth metallographically (Fig. la) and by dark field TEMO7. Subsequent aging to peak strength at
538*C or duplex aging resulted in a high density of intragranular a plates in both alloys. X-ray
diffraction (XRD) after SHT, PA and DA heat treatments indicated presence of the B phase
(S-I), or B + secondary a phases (PA, as well as DA). The w phase was neither detected by TEM-
selected area diffraction nor by X-ray diffraction in PA alloys.

* C-a-

Electrochemical pre-charging of hydrogen was conducted in a solution of 10ml H 2SO4, 1000m'
H20 and 0.8 g Na4P20 7 at 9OoC09). Previously heat treated and machined tensile specimens were
cathodically polarized to 100 A/m 2 for various times, as described elsewheret•, to facilitate
hydrogen uptake and were tested in air. Upon removal from the charging bath, the oxide which
forms in air is an effective barrier to hydrogen egress. Hydrogen concentrations reported for each
tensile specimen were obtained from a section of the same tensile bar adjacent to the notch by
thermal emission (LECO) and represent an average total concentration for the volume of metal
tested. Note that the hydrogen uptake rate of 15-3 was approximately 5-6 times greater than that
of 21S for all the heat treatments investigated. This increase in hydrogen uptake is attributed, in
part, to a higher hydrogen overpotential and fugacity on the surface of 15-3. At 25°C, galvanostatic
measurements in the charging solution indicate that 15-3 develops a potential approximately 200mV cathodic to 21S at an equivalent current density of 100 A/r 2.

I Mechanical testing

Circumferentially notched "Bridgman" tensile bars were employed to quantify the effects of
hydrogen on the mechanical properties of the alloys investigated"°). Degree of embrittlement was
quantified by determining the maximum longitudinal stress developed at the centerline of theI

I
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notched region and the effective plastic strain across the notch diameter at maximum load following
the procedures of Hancock et al.41'4). All tensile tests were conducted at a crosshead displacement
rate of 2.5 x 10' cm/s. The effect of constraint on the failure stress and strain in PA material was
determined as a function of hydrogen concentration at four different initial constraint levels (0.52,
0.62, 1.03, 1.43) where the triaxial constraint is defined as the ratio of mean to effective stress,
(a./a)('2). These constraint levels correspond to notch radii of 7.9 mm, 4.8 mm, 1.6 mm, and 7.9
mm respectively at a constant initial diameter across the notch of 6.4 mm. Additional tensile tests,
conducted at the constraint level of 1.43 (0.33 = uniaxial tension, 2.50 = sharp notch), compared
the effects of hydrogen on SHT, PA, and DA heat treatments.

Deformation mode

3 The slip behavior of each alloy was investigated by deforming electropolished cubes of SHT
material (approximately 1 cm3) in compression and observing the surface slip lines via optical
microscopy.

Detection of hyddding

3 X-ray diffraction experiments were performed with a Scintag automated diffractometer utilizing
copper K. radiation, which was continuously scanned over 30-80* 20 at a rate of 10 per minute.
Both the heat treated and heat treated + hydrogen charged conditions were investigated.
Diffraction spectra of electrochemically charged plate were taken both at the charged surface and
well into the specimen interior. The latter was achieved by sectioning and grinding.

I RESULTS

3 Mechanical Testing - Influence of Constraint and Hyd&ge

The maximum longitudinal stress increased and the corresponding plastic strain decreased with
increasing level of constraint for uncharged PA 15-3 and 21S (Figure 2). The maximum
longitudinal stress and plastic strain developed in PA 15-3 decreased almost linearly with hydrogen
concentration. Ti-15Mo-3Nb-3A1, however, exhibited a sharp decrease in longitudinal stress and
plastic strain at hydrogen concentrations greater than approximately 1000 wt. ppm. The threshold
hydrogen concentration required to produce the distinct decrease is a function of constraint.
Similarly, larger reductions in plastic strain occur for 21S at the highest constraint (Figure 2b). As
reported previously, the fracture appearance of 21S at a constraint of 1.03 changed from a process
completely governed by microvoid initiation, growth and coalescence to transgranular and
intergranular separation processes with increasing hydrogen concentration('). In contrast, theI fracture mode of PA 15-3 was relatively insensitive to hydrogen concentration as will be detailed
below. Given the strong influence of constraint on the effects of internal hydrogen, SHT, PA andDA metallurgical conditions were investigated at the high constraint level of 1.43.

Mechanical Testing - Influence of Heat Treatment

3 Solution heat treated alloys were tested over a total hydrogen concentration range extending
from the as-received levels to almost 3000 wt. ppm at the highest constraint level investigated

I
I
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(1.43). The failure stress and strain of 15-3 are unaffected by hydrogen concentrations up to 3000
wt. ppm as shown in Figure 3. In contrast, 21S is embrittled at less than 3000 wt. ppm (Figure 3).
Although the maximum longitudinal stresses are nearly equal for each alloy in the SHT condition,3 15-3 displays approximately twice the plastic strain at maximum load as 21S for low hydrogen
concentrations and more than five times the plastic strain at the hydrogen concentration of 2900
wt. ppm. It should be noted that the difference in the hardness of the two alloys is only slight in
the solution heat treated condition as shown in Table 1.

In the PA condition (Fig. 4), both 15-3 and 21S exhibit a decrease in strength and ductility
above approximately 1000 wt. ppm total hydrogen. This decrease is more pronounced for 21S as3 is the change in fracture mode which will be discussed below. Again, Table 1 indicates that the 21S
alloy is of only slightly greater hardness than the 15-3 alloy.

Duplex Aged 15-3 also exhibits greater resistance to hydrogen embrittlement than DA 21S atI equivalent total hydrogen concentrations (Fig. 5). Embrittlement is observed at hydrogen
concentrations of approximately 1000 wt. ppm or greater. Comparison of material at equivalent
hardness levels (as in the case of DA 15-3 at Rockwell C 41.4 versus PA 21S at Rockwell C 42.1)
clearly shows that 15-3 still exhibits superior resistance to hydrogen embrittlement.

Fractography

All fractography reported was examined at approximately equivalent radial distances from the
notch surface. The fracture mode of SHT 15-3 was relatively insensitive to hydrogen concentration.
At all hydrogen levels investigated SHT 15-3 failed by transgranular microvoid processes. In PA
material, the fracture mode of transgranular 15-3 was also transgranular microvoid coalescence at
all constraint and hydrogen levels investigated. One effect of increasing hydrogen and constraint
for the 15-3 alloy was to increase the density of microvoids per given fracture area and decrease
the depth and width of the microvoids. Such a trend has also been associated with decreased
fracture toughness of Beta aI, but as a function of aging time0 °). The fracture mode of DA 15-3
also consisted of progressively finer microvoids up to its highest hardness (Rockwell C 41) and
hydrogen concentration (3793 ppm H) where the fracture mode changed to transgranular ductile
tearing characterized by fine undetermined features as shown in Figure 6.

In contrast to 15-3, the fracture modes of the SIHT, PA and DA 21S alloys all changed
significantly as the hydrogen concentration was increased (Fig. 7). The fracture mode of SHT 21S
changed from large microvoids at approximately 100 ppm hydrogen, the as-received hydrogen
concentration (Fig. 7a), to small microvoids and ductile tearing features at 680 ppm hydrogen (not
shown). At 3000 ppm a flat fracture appearance characterized by three distinct fracture modes was
observed: (1) fine voids and tearing features similar to the 680 ppm hydrogen level, (2) flat
transgranular fracture, and (3) transgranular fracture displaying relatively straight parallel markings
(Fig. 7b). These parallel markings typically extend across an entire grain diameter and are
consistent with hydrogen induced slip band fracture which has been observed in hydrogen charged
bcc steels, pure nickel, and nickel and iron base alloys(4"4). The transgranular surfaces of other

grains intercepting the surface contained almost entirely the fractures modes described by (1) and3 (2) above. The difference in fracture mode between individual grains is believed to be caused by
differences in slip system orientation relative to the tensile axis.

The fracture mode in PA 21S is strongly influenced by both level of constraint and hydrogenI concentration as detailed elsewhere(36). At the highest constraint levels, peak aged 21S exhibits a
transgranular microvoid fracture appearance with a bimodal distribution of dimple sizes in theI
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uncharged condition. This changed to a mixture of intergranular and transgranular fracture as
- hydrogen concentration is increased (Fig. 7c). The flat featureless areas of the PA 21S at 4664 ppm

hydrogen (Fig. 7d) suggest that slip plane decohesion has occurred. However, this hypothesis
requires crystallographic confirmation.

Duplex aged 21S fails by transgranular fracture with approximately 10 /m wide irregular
terraces at 75 ppm hydrogen, the as-received level Flat transgranular fracture characterized by
parallel arrays of ridges containing micro-voids is observed across entire grains at 3800 ppm (Fig.
7e). Cleavage (Fig. 7f) apparently occurs at 5600 ppm as evidenced by a flat transgranular fracture
appearance with markings.

Deformation Mode

3 Compression tests on SHT alloys revealed that both alloys are prone to highly localized planar
slip at low plastic strains (3%) while at strains on the order of 8%, extensive multiple or wavy slip
occurred in 15-3 but not in 21S. In contrast, localized planar slip persists in the SHT 21S material.
Figure 8a and b compares the surface slip observed in SHT 15-3 and 21S at approximately 8%
plastic strain and illustrates the difference.

I X-ray D~udion

Analysis of x-ray diffraction (XRD) data was undertaken for both peak aged 21S and 15-3. A
B phase lattice parameter of 0.325 nm was determined for uncharged 21S (=75 -± 25 ppm), 0.328
for 24 hour charging (=1400 -± 400 ppm) and 0.331 nm for 64 hour charging (=2600 t 800 ppm)
using the (110) reflection. These results suggest partitioning of hydrogen to the B phase. In contrast,
very little change in the hcp a phase lattice parameter is observed. Paton et al. also correlated B
lattice parameter to hydrogen concentration in solution annealed Ti-18 Mo047). Lattice parameters
equal to 0.328 and 0.331 nm were obtained at 1000 and 2100 ppm hydrogen, respectively, in good
agreement with the data presented here. No evidence of hydriding of the B phase was found.
Regarding the possibility of hydriding of a precipitates, x-ray diffraction analysis was conducted on
(a) specimen surfaces, (b) several micrometers beneath the specimen surface, and (c) at a position
as near as possible to the centerline of the notched region of a high constraint, high hydrogen
tensile bar. The latter two conditions were achieved by surface grinding and sectioning, respectively.
Neither a nor B phase hydride formation were detected at (a), (b) or (c) for charged and plastically
strained PA 21S. Instead, diffraction peaks coinciding with the a and B phases are observed, except
for immediately at the charged surface where neither the a phase nor its corresponding hydride are
observed (Figure 9a). Electron microscopic examination revealed that selective removal of the a
phase occured due to spalling of the near surface a precipitates (Fig. 9b). Such spalling might be
expected based on the 18% volume increase which occurs upon hydriding of the a phase(2T7.
Spalling of hydrided a phase has previously been reported by Nakasa in Ti-6A1-4V during
electrochemical hydrogen charging(o). To confirm the notion that surface a could be hydrided
under the electrochemical conditions used here, commercially pure Ti was charged under identical
conditions used for Ti-15Mo-3Nb-3Al. Hydride formation was indeed confirmed by XRD and
metallography.

Diffraction spectra taken from the surface of as-charged PA 15-3 indicated that surface exposedIa also became hydrided but did not spall (Fig. 10). Hydriding appears to be a phenomena
associated with surface exposed a for both alloys since no hydride peaks were detected in the
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interior of either material when diffraction spectra were taken after serial grinding of the hydrogenI charged surface. Instead, partitioning of hydrogen to the B phase is again observed as indicated
by increases in the B lattice parameter. However, this does not preclude the possibility of localized
deformation assisted hydriding in slip bands or localized bydriding of a/B interfaces as discussed
by Boyd0%), if the volume fraction of hydride formed was too small for detection by XRD. Tosummarize, our findings suggest that hydriding of a precipitates occurs at the free surface but that
hydriding of a large volume fraction of the subsurface a does not occur due to partitioning of
hydrogen to the high solubility B phase.

3 DISCUSSION

Metaluga factors affecting embnnlement ucqptbility

Both preferential grain boundary a precipitation and localized planar slip can be
circumstantially correlated with the greater susceptibility to internal hydrogen embrittlement (IHE)
of the Ti-15Mo-3Nb-3A1 alloy. Recall that preferential grain boundary a precipitation was noted
in aged 21S (Fig. la) and intergranular cracking occurred (Fig. 7c). Planar slip was observed for
SHT 21S (Fig. 8 b) and is suggested by the fracture appearances in SHT (Fig 7b) as well as aged
21S (Fig. 7e). In contrast, wavy slip was observed in SHT 15-3, intragranular a precipitation was
observed in aged 15-3 and transgranular fracture occurred. At issue are the important factors.

It is difficult to attribute the hydrogen embrittlement susceptibility of 21S exclusively to the
mere presence of grain boundary a in the aged condition for two reasons. Firstly, aged 15-3
contained a 0.1 pm thick a film along B grain boundaries, although preferential formation of a
colonies perpendicular to boundaries did not occur. The thin a film did not render the alloy
susceptible. Secondly, 21S was more susceptible than 15-3 in the SHT condition where a solid
solution B microstructure was preserved upon cooling from above the B transus. The parallel, linear
features shown on the fracture surfaces of hydrogen charged 21S in the SHT and DA conditions
(Figures 7b and 7e) and previously observed in hydrogen charged PA material03 ) suggest an
interaction between hydrogen, slip and fracture mode.

In the present study, planar slip has been observed for SHT 21S but not yet confirmed for aged
21S. However, it is reasonable to expect that aging would exacerbate the planar slip tendency seen
in the SHT condition since (a) a plates are fine and, perhaps, shearable, (b) well aligned a colonies
at grain boundaries might promote shearing, and (c) TEM/electron diffraction experiments show
that both 15-3 and 21S exhibit Burger's a (ie. (110)s I (0001). [111]j I [1120]J)(0). This suggests
that transfer of slip from B to a may be possible and also that shearing of a precipitates may occur.
In support of this view, Okada, Baneriee, and Williams found that slip transfer from B to a was a
function of precipitate morphology in Ti-15V-3Cr-3Al-3Sn(2). Slip initiates in the B phase and
parallel a plates of the same variant (colony type structure) allow dislocations to shear the a phaseI while a plates of differing physical orientations promote homogeneous slip(M). High magnification
SEM of aged, metallographically prepared 21S and 15-3 show a difference in the size and physical
orientation of a plates for the two alloys(m). It is plausible that the coarseness of intragranular a
in aged 15-3, which has nucleated first and grown for a longer time, is a more effective slip barrier
than the fine a of 21S. A greater impedance to planar slip would promote more homogeneous
deformation in the form of multiple or wavy slip in aged alloys.

Hydrogen segregation to dislocations and transport by slip is well documented in bcc
metals(':'). Recall that hydrogen has been shown to partition to and is relatively mobile in theI
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bcc latticeO-3 which provides a readily available source for hydrogen pickup by dislocations and
- possible deposition of t•zis hydrogen at grain boundaries. In the case of 15-3, which appears more

prone to wavy or multiple slip, we hypothesize that less hydrogen is transported to B grain
boundaries and the locally high hydrogen concentrations possible along the intense planar slip
bands seen in 21S (Fig. 8b) are avoided. In this way slip mode would also contribute to the
observation of intergranular cracking in 21S. This explanation for intergranular cracking is well3 supported by the fracture modes observed for 21S but not found for 15-3 in this study and is
consistent with the work of Albrecht, Thompson, and Bernstein in aluminum alloys("'").

Ti-l5Mo-3Nb-3Al, which is prone to planar slip, undergoes slip band, possibly slip plane,
intergranular, and cleavage cracking depending on microstructure, degree of constraint and
hydrogen concentration. 15-3, in which multiple slip is easier to induce, exhibits a microvoid rupture
fracture mode until the highest strength and hydrogen level investigated where the fractographic
features are on the size and order of the deformation structure seen in heavily plastically strained
SHT material as shown by a comparison of Figures 6b and 8a. Correlation of the different fracture
modes with the plastic slip behavior exhibited by each alloy indicate that deformation mode
strongly influences the hydrogen effected fracture paths and subsequent mechanical properties.
Consequently, factors influencing slip behavior should be reviewed. It is reasonable to expect that
slip behavior in bcc titanium is dependent on both alloy composition, thermo-mechanical
processing, and precipitate morphology as in the case of other alloy systems. For SHT 8 alloys it
is plausible that deformation mode may be controlled by chemical composition, operative slip or
twinning systems, and residual dislocation density since other factors affecting slip such as the w
phase were not detected, nor expected. The fact that alloying additions affect stacking fault energy
and subsequent slip behavior is well known and also may apply to metastable 8-titanium alloys.
Ling and co-workers noted a changed in deformation mode from wavy, multiple slip in a quenched
and recrystallized i-28 wt. % V alloy to coarse planar slip in a 40 wt. % V alloy0)). They traced
the difference to an increasing twin fault probability with increasing V which makes cross-slip more
difficult(1). In the present study, the equivalent Mo concentration of 15-3 is 11.9 wt. % while that
of 21S is 12.8%, not a large difference. Therefore, we assert that differences in deformation mode
observed here are more dependent on heat treatment than alloy composition. In support of thisI view it should be noted that preferential grain boundary a precipitation and intergranular stress
corrosion cracking have been produced in 15-3 which was solution heat treated above the 8 transus
for longer times (e.g. 1038MC, 2 hours) than investigated hereP7°. The present authors have also
produced intergranular cracking in re-solutionized 15-3 (816°C, 0.5 h-.Air cool, 950MC, 12 h-Air
cool) with room temperature hydrogen charginge'k. Of important note, this condition was also more
prone to planar slip than SHT 15-3 after 8160C for 0.5 02). Therefore, solution heat treatmentI temperature and time appear to affect both slip behavior and a precipitation in 15-3 and 21S more
strongly than compositional differences.

The temperature and time associated with solution heat treatments (Table 1) affect residual
dislocation density, vacancy concentration, and grain growth. Since minimal grain growth was
observed vacancy concentration and dislocation density are implicated as key factors. Fujii has
shown that a high excess vacancy concentration created by very high SHT temperatures (i.e.
> IO00(C) and a low density of vacancy sinks (grain boundaries, twin boundaries and dislocations)
accelerate aging and promotes fine homogeneous a precipitation(63). However, a balance exists
between the opposing roles of dislocations as vacancy sinks and as heterogeneous a nucleation
sites(O). Dislocations remaining from prior working dearly readily serve as strong a nucleation sites
as shown by studies of the effect of cold work on aging(6'". In this study, the differences in excessI
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I vacancy concentration following heat treatment at 816, 871 or 950*C are probably minor. However,
long solutionizing times at 871*C (21S: 8h) and 950'C (Re-solution heat treated 15-3: 12h) are

I likely to lower dislocation density, given temperatures of about one-half the melting temperature.
We speculate that residual dislocation substructure is a dominate factor affecting slip mode and
aging behavior in the present study and that composition and vacancies play secondary roles.

I Solution treatment has also been identified as the controlling factor in hot salt stress corrosion
cracking susceptibility of the metastable B alloy Beta-EI but the mechanism of embrittlement was
not discussed(*). In the present study, solution treatment time and temperature are implicated as

I important factors affecting the internal hydrogen embrittlement (IHE) susceptibility of &-titanium
alloys.

I Other factors poubly affecting embriulement susceptUiiy

Two other important differences have been reported for Ti-15V-3Cr-3AI-3Sn and Ti-15Mo-
3Nb-3A1 that pertain to hydrogen embrittlement susceptibility. Pound reports that the high apparent
hydrogen trapping constant associated with 21S predicts a greater trapping tendency upon aging
than observed for aged 15-3(). The materials analyzed were identical to those used in the present
study. The controlling trap site is circumstantially identified as a/B interfaces, in particular it is
speculated, those associated with grain boundary a colonies(). The trap strength of a/B interfaces
may depend on coherency and lattice misfit. In general, coherent interfaces are viewed as reversible
hydrogen trap sites that rely on local stress state and dislocations to promote trappinge").
Incoherent interfaces are often regarded as irreversible trap sites and also have lower cohesiveU strengths(6 ). Interestingly, hydrogen alters the a lattice parameter but minimally influences the a
lattice parameter(M0 and this may change the misfit strain of coherent interfaces. It is unclear
whether or not differences exist between the intragranular and grain boundary a/B interface
structures, or whether differences exist in the case of 21S relative to 15-3. Recall that a Burger's
orientation relationship is found between the 8 matrix and a plates in both 21S and 15-3(5'). It is
difficult to attribute the differences in IHE susceptibility between 15-3 and 21S solely to an intrinsic
difference in the irreversible trap strength of a/B interfaces based on alloy composition alone,
especially since (a) SIlT 21S is more susceptible to IHE than SHT 15-3 even in the absence of a
precipitates, (b) re-solution heat treated 15-3 is prone to IHE and re-solution heat treated and aged

I 15-3 is rendered susceptible to SCCM7 , and (c) irreversible trapping at a/B interfaces does not
account for many of the fracture paths reported in the present study. It is also difficult to attribute
the difference in susceptibility exclusively to the presence of boundary a, since aged 15-3 contained
a 0.1 pm a film but did not crack intergranularly in aqueous testing(-) or hydrogen.

The second factor worth mentioning is the affect of hydrogen on the ductile to brittle transition
temperature (DBIT) for the B matrixO"6 7). Lederich reports a 50PC difference in DBTT for 15-3

I versus 21S, with 21S experiencing the higher of the two transition temperatures at a given 8 phase
hydrogen concentration(6'. Calculations show(6) that it is unlikely that the DBTT has been shifted
above room temperature for either of the two alloys in the present study. This conclusion is
reached even after taking into consideration a correction in hydrogen concentration due to
hydrogen partitioning in the B matrix of B+a Ti microstructures(62). B phase hydrogen
concentrations of 5333 and 7586 wt. ppm would be required to raise the DBTT above 25°C for 21S
and 15-3, respectively. Only in the case of DA 21S at 5600 wt. ppm total hydrogen (Figure 7f) is
cleavage induced by a high DBTT suspected. Consequently, we conclude that this particular
intrinsic difference between 15-3 and 21S is not the operative reason for the susceptibility of 21S

I
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3 over the range of hydrogen concentrations reported in the present study.

C4"Wadw with aquos metm comuon o n g

w:3ydrogen has previously been suggested as the embrittling species in aqueous chloride testing
of PA a titanium alloys(4 1s. Hydrogen-slip interactions may exlain the superior SCC resistance
of PA 15-3 vs. PA 21S in aqueous sodium chloride solutionm"'. L Young and Gangloff have
suggested that dislocation motion is a requisite for EAC in 21S based on J-integral resistance curve
testing conducted at var• load-line displacement rates and 'ripple loaded tests of PA 15-3 and
21S in aqueous saltwater m. This statement fits well with the observations made in this paper.
Consider the production of hydrogen at an acidified crack tip and absorption of this hydrogen into

the fracture process zone. Under a *ripple load designed to rupture the surface oxide film (but
well below the fatigue AK threshold for crack growth in moist air) hydrogen enters the metal if
elastic strains rupture the oxide film and diffuses through the lattice, partitioning primarily to the
B phase where it is highly soluble. Localized planar slip band formation does not occur, however,
below the moist air fatigue AK threshold.

Under a rising load test, however, where dislocation motion is occurring, hydrogen may be
transported by dislocations and deposited at the dislocation sinks (ie. grain boundaries) where it
is trapped and promotes intergranular separation. The differences in the SCC resistance between
15-3 and 21S may also be traced to the tendency of 21S toward planar slip which promotes
hydrogen transport over long distances to grain boundaries. Multiple or wavy slip, which has been
shown to occur more readily in SHT 15-3 than 21S, hinders the transport and deposition of
hydrogen to grain boundaries and concurrently disperses hydrogen as dislocations transport
hydrogen to newly activated slip systems. Planar slip may also promote film rupture phenomena
to stimulate hydrogen entry in aqueous SCC testing.

3 CONCLUSIONS

1. Hydriding of a large volume fraction of the a and B phases is not required for embrittlement to
occur in B titanium alloy Ti-15Mo-3Nb-3AL Reduction in the maximum longitudinal stress and
plastic strain developed in solution annealed Ti-15Mo-3Nb-3A! at hydrogen concentrations < 3000
wt. ppm suggest that the B phase is intrinsically embrittled by hydrogen especially when
deformation occurs by localized planar slip.

2. Embrittlement is a function of hydrogen concentration, constraint, and yield strength for alloys
which have a susceptible microstructure. Susceptible microstructures are caused by high solution
treatment temperatures and times which remove heterogeneous nucleation sites from grain interiors
to promote grain boundary a, delay intragranular a precipitation and promote planar slip. In aged
alloys fine a precipitates may be sheared by dislocations to promote planar slip, concentrate
hydrogen along planar slip bands and transport hydrogen to grain boundaries.

3 3. The relationships between microstructure, deformation mode and speculated hydrogen transport
behavior can account for the observed cracking in B titanium which was precharged with hydrogen
and slowly strained in air as well as simultaneously polarized and slowly strained in aqueous
chloride solution. This correlation supports a hydrogen embrittlement/dislocation transport
mechanism for aqueous saltwater stress corrosion cracking of metastable B titanium alloys.I
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List of Figures

Figure I. Optical micrographs showing the aging response of (a) Ti-15V-3Cr-3AI-3Sn and (b) TI-
15Mo-3Nb-3AI after aging for I hour at 5380C.

Figure 2. The effects of constraint and total internal hydrogen concentration on the
longitudinal stress and effective plastic strain developed in peak aged Ti-15V-3Cr-3A1-3Sn and Ti-
15Mo-3Nb-3AL awuyo is the uniaxial yield strength.

Figure 3. The effect of total internal hydrogen concentration on maximum longitudinal stress and
effective plastic strain developed in solution heat treated Ti-15V-3Cr-3AI-3Sn and Ti-15Mo-3Nb-
3AL

Figure 4. The effect of total internal hydrogen concentration on maximum longitudinal stress and
effective plastic strain developed in single step peak aged Ta-15V-3Cr-3AW-3Sn and Ti-15Mo-3Nb-
3Al.

Figure 5. The effect of total internal hydrogen concentration on maximum longitudinal stress and
effective plastic strain developed in duplex aged Ti-15V-3Cr-3AI-3Sn and Ti-15Mo-3Nb-3AL

Figure 6. Fracture surfaces from Ti-15V-3Cr-3AI-3Sn at a constraint level of 1.43 under (a)
solution annealed conditions at the uncharged hydrogen level of 90-120 wt. ppm hydrogen, and (b)
duplex aged with 3700 wt. ppm hydrogen.

Figure 7. Fracture modes produced in Ti-15Mo-3Nb-3AI at a constraint level of 1.43 after various
heat treatments and different hydrogen concentrations: (a) SlIT - 100 ppm, (b) SHT - 3000 ppm,

S(c) PA - 1000 ppm, (d) PA - 3500 ppm, (e) DA, 3800 ppm, and (f) DA, 5600 ppm.

Figure 8. Surface slip lines observed in solution heat treated (a) Ti-15V-3Cr-3AI-3Sn and (b) Ti-£ 15Mo-3Nb-3AI both deformed to approximately 8% plastic strain in compression.

I Figure 9. (a) Diffraction spectra from the surface of peak aged Ti-15Mo-3Nb-3AI charged 64 hours
in H2SO4 solution at 90'C and (b) SEM micrograph of the charged surface illustrating the spalled
surface exposed secondary a phase.

-- Figure 10. Diffraction spectra taken from the surface of PA Ti-15V-3Cr-3AI-3Sn, charged 24 hours
showing the a, B, and 6 phase peaks.
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Table 1. &.titanium alloy heat treatments and corresponding Rockwell C hardness values. Alloys
were received in the SHT condition with the reported solution heat treatment temperatures and
times.

Condition: Alloy Heat Treatment HRC

Sobalon Anneakii
"li-15V-3Cr-3A.-3Sn 816° 0-5 h -, Air Cool 25.2 ± 0.9
Ti-1SMo-3Nb-3AI 871°C, 8 h -* Air Cool 28.7 ± 1.2

Peak 4ged
Ti-15V-3Cr-3AI-3Sn 538°C, 8 h -, Air Cool 38.9 ± 0.6
Ti-15Mo-3Nb-3A! 538°C, 8 h -. Air Cool 42.1 ± 12

Dup AexAge&- 4400C, 20 h - Air Cool 41.4 ± 0.7
Ti-15V-3Cr-3AI-3Sn 538°C, 0.5 h -+ Air Cool
Ti-15Mo-3Nb-3AI 440 0C, 20 h -. Air Cool -. 48.8 ± 0.8
_ __._ _538°C 0.5 bi-. Air Cool

UA

U ~ lOlini

I ~Figure la. Optica maicrograph showing the P + Figur lb. Optical micrograph showing the P +
naicrostructure of Ti-1SMo-3N4b-WA after aging for 1 microstructure of Ti.15V-3Cr-3AI.3Sn after aging for 1
hor t5380C hour at 538C.

m
I

I
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3M at a constraint level of 1.10- solutio beat ftrated W 3 at a €onstrain lee of' 1.43- solutionI heat treated -
100 wL. ppm bydrogen 3000 wt. ppm hydrogen

mm

ii

Fgure 7c. Fracture modes produced in Ti-15Mo-3Nb- Figure 7d. Fracture modes produced in Ti-15Mo-31b-I 3A at a copstraint level of 1.43: ealutioi 1000 wtr 3AM at a constraint level of 1.43: peak aged-
ppm hy d rogen, 3 ppm hydrogen.
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I

Figure 7c. Fracture modes produced in T'1-15Mo-3Nb- F'SMr 7f. Fracmur modes produced in Tit-15Mo-3Wb
i 3AI at a constraint level of 1.43: duplex aged - 3800) wt. 3AI at a Constraint level of 1.43. duplex aged.- 5600) wt.

ppm hyd ogn, ppm hydrogen.

I 'ii

_ Wi% P

]Figure 8a. Surface slip ln,,s observed in solution hea Figure 8b. Surf'ace slip lines observ.ed in solution ha
- treated -LSV-•3Cr-3,Ad-3Sn deformed to approximately treated Ti-•'Mo-3Nb-3AI de~formed to apprommately

8% plasti strain in compression. 8% plastic strain in compression.
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ELCROCHEMISTRY AND PASSIVITY OF A Ti-lSMo-3Nb-3AI
BETA-TITANIUM ALLOY IN AMBIENT TEMPERATURE
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Electrochemistry and Passivity of a Ti- 15Mo-3Nb-3Ai
Roet-Titanium Alloy in Ambient Temperature

Aqueous Chloride Solutions
D. G. Ksauim Ond I. L Scur~

Cefter for lctohmcJScienc and Eagmuearing, DepertneeW of Materials Scieace U vsi~eriy of Wrgiaa.

ABSTRACT

To understand the effect of Mo-Nh additions o the' U-1 bchemvcal ofpttnu losImbient temper-
gatre chloride solutions, characterization of the elcrcems nd assivi of aTI-15Mo-3b-Aalo(P2Sws
undertaken. Both solution beat-trea~ted (W)~ -and d (P'OA)ay exibted pasve anodic behavior in aerated and
deaseated 0.6K NaCi, aerated and dsatd0.K NaCI adjust~ed to 'If 1 wIfth M~,as well as aerated IM HCi. X-ray

Sectrn spetroscpy MXP) performed after e3xposur to netaU.M NaC iIndicated that both PA and SET 041lS
a pedminnty l0, Wrilm Anger electron setroucopy(AES) and cathodic kinetics sgstthat the Mo and

lib aflom ig additions are lcpoae7into the o ide namounts im than that found In the alo.The peo~ac
of the p-asslmuiag M%0 may etlanhes -ilrity of the electrocheasncal behavior observed. HowrMvu= IndeutedO5 IMHC1I
all materials displayed activ-ase behavior except for SHT 0418 which was spontaneously passive. This result
suget that the presence of tha-phase is deleterius to the formation of a protective passive film an ?A 0-21S in
deaeratted 5M HCL

Metastable p-titanium alloys incorporating Mo and Nb, Additionally, passive dissolution of hop a was higher when
such as fl-21S. were designed initially for improved high alloyed with small additions of Al, V, Mo, Zr, or Nb." All
temperature properties such as oxidation resistance, ele- these elements increased the passive dissolution rate of
vated temperature strength, and creep resistance.' How- a-71 In IfeSO. at WC polarized to .1 V. Tosohov et al.
even interest in thene materials for high strength appliea- attributed this dffct to a change in ionic conduictivity of
tions in rooma temperature marine environments is the predominantly 110, oxide and did not attribute this
Increasing. One question regarding their seawater perf or- behavior to anj change in the chemical stability of the pro-
manes is their resistance to environmentally assisted, tective oxide.w Initial corrosion researchoan 04Slalloy has
cracking (EAC). The EAAC resistance of a-titanium alloys in extended only to weight loss measurements." In that stidy
seewater is controlled by the tendency of the a-phase to R-21 S 1had a lower dissolution rate and hydrogen uptake
hbvduIde. In a + 0 allo3s, a disconitinuous "bpase has a efficiency compared to commercially pure 11 and 71-iSMo.
positve efect on the EAC resistance, plastically blunting Previous research on ttnu l
cleavage cracks propagating through the hydrlded a- boys generally has focused on materials Inculudn k""*
jhase" Little is known about the dffcts of a-phase insa Others have studied Nb additions" and found th~at there
JS-titenium matrix however a continuous p-phase is detri- was little dffct on the high temperature oxidation resist-
mental to hydrogen embrittlement resistance.' In contrast ance of titanium. Therefore, as an initial step in, elucidating
to a-titanium, a large hydrogen concentration (>.40 ao) is the role of ectoh iclprocesses on the EAC mechan-
required to hydride 0p-titaniumnin 71-H binary compounds.' ism of a Mo and Nb stabilized alloy, chrcerzto of the
It is unclear whether such levels can be obtained in 0P-tta- dissolution and passivity of 0418hS been undertaken in
nium alloys following film rupture in a marine environ- room temperature chloride solutions. A subsequent study
ment. Thus, it is unknown whether a hydrogen mechanism addresses repessivation kinetics."
is involved in the EAC behavior of these alloys because of lb obtain the required strength levels, these alloys are
a sequence of events involving (J) crack tip passive film precipitation hardened throuhgrowth ofanesirealpitate
destabilization, (4) dissolution, (Mi) hydrogen production, with a needlelikl opoo3 Hence, a goal of this study
and 00r hydrogen absorption, ormbetherEACts controlled is to examine the dufct of both composition and mi-
by an entirely different mechanism such as slip-fim, rup- crostructure on the Isectrocemlcl behavior of these al-
ture-dissolution, pre-existing active path dissolution, or loys. Both SET and PA materials were investigated.
film-induced cleavage.aWprcew

ZAC has been observed in PA 0421S in monotonic load- ~rut~IP@d
lng experiments on precracked specimens exposed to 0.6K The composition of p-21S is reported in Table L P-21S
NaCl at -0.6 and -0.15 V vse. BCE.' Cracking was maxid- was SHT forS8 h at 871*C (16007) followed by an air cool.
mined at intermediate strain rates, suggesting that a bal- Peak-aging comtprised a subsequent single-step heat-reat-
ance exists between a combination of film rupture fre- ment at 538'C (10007) for 8 h followed by an air cool. The
quency and repassIvation rate, and the need for sufficient presence of an ua/-mlcrestructure, and the absence of
time to accommodate a time-dependent transport process. other phases, was confirmed by both x-ray diffraction ex-
Intergranular cracking was observed only whenp prefen.. prments and optical nicftoscopy.16 a..platelets preferen-
tial a-precipitation on A-grain boundaries occurred.' Coin- tially nucleate and grow along O-grain boundaries with a
cidentally oplanar slip was favoredin the PTI which was Burgert orientation of (110)o 11 (0001L., (IIII ~ [11l72L."
pron to preferential grain boundary s-precipitation as op- This orientation relationship is observed throughout the
posed to wavy slip.' Therefore, it is useful to ascertain matrix."6 Mo and Nb are p-phase stabilizers, while Al is an
whether a preferential dissolution path may have devel- s-stabilzlm. a-Precipitates are Al rich and Mo poor,
oped. Howeven~ little is known about the passivity and re- whereas the p-matrix is the opposite." Therefore, grade 6
passivation kinetics of pý-titanium, alloys stabilized with

moydeu and niobium in marine environments over Wis L Vende reported a INMge dwerkol P A Is1 0 of P.215.
this range of potentials. lbmashov at al. reported for 11-15 _______________________
Mo, in 40% HS1,0 at 00.C that dissolution is lowest for t o AlN SI 0 F N
100% O-allop and increases for A aand 0 aalloys." 1 O Al bSI 0 e N

* Klectrodwatemla Society Student Memiber. Wegtpervent ren. 14.9 2.15 2.64 0.22 0.108 0.15 0.014
00 Eectreeh.-4esl Society Aadve 1410eml Aoi percent rem. 7.89 5."9 1.44 0.40 0.629 0.14 0.05 1
J. Eb ow x, Vo. 140, No. 10, OMW 1993 0 The BeckocherIce! Society. hr-c 2771
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lM &SW bo~drume~~erp.ese of sdn2 as a- .

Grade a 7 ame - - &Ha &eu &M emeou
0 A ~I I et to .2$0 2.30 0.46 0.13 0.610 a PPM L

11 M4l- AI-2.S Sn) was utilized to simulate the approxi-
mate composition of the a-precipitates found in the P,-tita- ~
alulse alloys. The compositions of gVade 2 and 6 TL are
listed in Thbka IL Commercially pure grade 2 71 (a-phase) U~
also was examined for a baseline comparison.

Samplas were polished to a 600 grit finish followed by
degreasing in acetone. The testing apparatus comprised 54 . . 4 44
I cm' warsn electrode are exposed in a flat cell conttain- 'S * * 5 5 1
ing a platinized niobummshcuntemobect-od-- A satu- C
rated celomel reference electrode (SCE) was situated in a
well Possessing a LuggIn Capillary. Ig I* I~mmv Ndi ph a for do fewn Ow.Rotating disk electrode (ItDE) experiments coprse sok .. dla mlaOueia(si pH 1, 06M
identical counter and reference electrodes as above. The Nq
working electrode (0.635cmn diam) surface preparation was
the same asastated above. The disk was imbedded insa eld-F
mandrel attached to an analytical rotator and ASR speed for analysis for each element were selected at Auger ener~-
controller from Pine Instrument Co. A standard RDE cell gies as close as possible to each other for diferenit elements
wasvutlised for these experiments. to obtain comparable escape depths. The transition ener-.

Polarization measurements were performed with either a gies used wetMm h.-418 eV, Ozz-503 eV, MoOm-iSO eV,
Princeton Applied Research (PAR) 173 or PAR 273 poten- and A151..-1306 eV.
tiostat at a am rate of 0.05 mV/s. All polarization experi- X-ray photoelectron spectrscopl? (XP) was perfonned
ments wooe performed following exposure to solution for on a Kratos XSMMOO utilizing a Mg x-ray source oper-
2 ht at open circuit. ated at 13 kV and 20 mA, perpendicular to the sample sur-Each electrochemical impedance spectroscopy (KIS) ex- face. Samples were potentlstticll held at -0.6 V vs.
pernent comprised ten individual imnpedanceý scans An SCE in pH 1 0.6K NaCI and 'the surfaces mechanicallyinitial scan Was conducted at the open-circuit potential abraded with SIC papM thereby allowing the oxides to

folscabyn ne s at 300 mV Intervals from -0.3 to refoM at -0.6V. ape were rinsed in distilled water2.1 Vt.. SCE. Each scan was preceded by a 2 h potentio. Upon removal fromn the cell. The following peaks were usedstatic hold at the given potential, exet the open-circuit four analysis: nI-2%. 0-ls Mo-3d, and 3d,. Nb-3d, andpotential scan which was preceded by 2 h at open circuit. 3d. AI-p. Reeec to C Is was used In order-toEIS measurements were performed with a Solartron 1286 account for specimen charging.
electrochemical interface and a Model 1255 frequency re-
sponse analyzer A10 mV rms ac voltage signal was applied Revsb anW DbAisssOn
at frequencies between 10 kflz and 5 mHz: using potentio- Zecdrochwistr and psislep in pHi1, G.OMNMCI solu-
static controL Impedance data fitting was performed with gio= -Elecftoehentistnj-epromsetaive anodic polar-CNLS circuit fitting software. ization data are reported In ftIg1 and 2. Figure 1 shows theElectrochemical test wer performed on the materials anodic polarization behavior of the four difaumt materials
utilzin sIx different roo temperature solutions. These (SET and PA P-21S, grad 2, and grad 6)1in a particular

wee0"6NaCI, 0.6MNaCl adjutd" to PH 1 With Ed, and solution (aerated pH 1,0.6K NaCl)U Ig= 2 reveals theSM HCa, each in both the aerated and deatrated condition behavo of on patclrmtra (SET P.21S) in the sixNaCl solutions (0.6) comprised reagent grade NaCl solutions (0.6K NaCi, pH 1, 0.WANaCI, and 5M Ha, eachadded to distilled deionized water Solutions were adutd i teartdan Qeeae conditions). It may be seen into ~ ~ ~ ~ also pn 1h withte reaen grd CLH outosS)cmtoprIsedt reagent grade HCI and dstilletdionize wate) The- ft 1 that a significant increase in anodic current densitypH of thesgen solu H n dxile tionsze is~ -16no~ff is observed for each material at approximately 1.4 V. Thisacivt of th's souios incorporat hednt the calculatOfln. the increase in anodic current density corresponds to the onset
ation was performed with commercially pure Ar geas. 0.6K
Naal solution was utilized to model alloy behavior when
exposed to the bulk solution insa marine enviroment. TheAAa"m tPHi2, 0.6 MaCI was utilized to discern the behavior of the a la em~i *CIa
alloy in a simulated crack tip environment. Although a *C D* w" PSUat ehm SWMo

crack tip solution and its pH has yet to beisolated, apH 1, Res0a
0.6KN&C1 is considered tobe arough estimate of that 1.5F ~- Awakd W o
solution. Beck" has reported that a pH< 1.3 was found next .

to a corroding pit exposed to neutral chloride solutiomn.3 ~~
Others have reported apH of 1.7at acrack tip in TI-8 AJ.
Mo-i V* Ha (SM) was utilized to analyze material behav- 12.
ior under extremely acidic conditions that are perhaps 49E a,
more severe than a crack tip environment.

Sample surfaces wer prepared for Auger electron spec-
troscopy (AUS) in the manner stated above. ZIS was then
performed on each sample in pH 1, 0.6KNaCl as describedA
above with the final potential at 1.5 V ve. SCE. Samples _U I 4 I4 I, 4 .- , .4,

were removed from the cell and rinsed in distilled, delon- ISI01-05 ic I

tzed walte AZS was performed on a Perks Elmer PMI 600 CMW "t7
syte utilizing a 5kWV beom operated at 0.54 gsA. Sputter (m/a
dphprofiling was performed with a 3 key Ar' ion beam. K.2. - IN II .oesfrW-.

Teparticular Auger electron transition energies utilized Ai s ddmd~h. -"WOOL-15i
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to the open circuit, the emergence of two time constants is
seen. This occurs until 1.8 V is reached, wherein the two
time constants merge again. At these potentials, deconvo-
lution of the data becomes increasingly difficult. However,
good correlation was obtained between the model and the

R9 •experimental data, as seen in Fig. 5.
It was hypothesized here that the high frequency time

constant was attributable to the oxide ai:d that the low
frequency time constant was attributable to the parallel
RJC,, combination. To confirm this hypothesis, compari-

| son was undertaken between impedance derived oxide
thickness and ellipsometric titanium oxide thickness at
various potentials in 0.1M HCI.2' Impedance spectra for
grade 2 Ti were obtained at 0, 2, 4, 6, and 8 V vs. NHE
(normal hydrogen electrode) , with the specimen prepared

(Constant in identical fashion to those of the ellipsometric study."
Metal Oxide Phase Utilizing a dielectric constant of 100 for TI0 2 in conjunc-

tion with the obtained value for C.,, a good correspondenceElements) was obtained for the oxide thickness (Fig. 6). This result
Fig. 3. Proposed circuit model for a passive *anium surface e- confirms the hypothesis that the high frequency time con-
sed to an aquous solution. stant was indeed attributable to the oxide.

The charge transfer resistance, Re,, is approximately one
order of magnitude larger than the oxide resistance, RP, at

f oxygen evolution and is not due to pitting. This result the lower potentials. Therefore, we conclude that the
,as been confirmed by optical microscopy which did not charge-transfer reaction is the rate-determining step and
how evidence of pitting. This has also been confirmed by dominates the passive dissolution of the alloys. Also, R" for
thers, who have stated that pitting is not observed on tita- grade 2 Ti in aerated pH 1, 0.6M NaCl increases with poten-
ium in room temperature chloride solutions until +9 V is tial until approximately 1.2 V whereupon the charge-trans-
eached. 24 Additionally, Fig. 1 reveals that SHT 0-21S has fer resistance begins to decrease. The decrease in the
he highest passive current density of all of the materials, charge-transfer resistance coincides with the onset of oxy-
bis was true in all the NaCI solutions examined. In con- gen evolution, as discussed earlier.
mast, the magnitudes of the passive current densities of the Oxide thickness and apparent resistivity were calculated
ther materials varied between solutions and were proba- from the parameters obtained by circuit fitting. The oxide
,ly within experimental error. thickness may be calculated by utilizing the equation
Figure I additionally reveals that the open-circuit poten- d. = f [I

ials for all of the materials are within experimental vari- C.
bility for one material. Grade 6 Ti, which approximates where d., is the oxide thickness, C., is the oxide capaci-
he composition of the a-precipitates in the PA A-21S, has tance, E is the dielectric constant of the oxide, f,. is the
similar open-circuit potential to that of the SHT materi- permittivity of free space, and A is the surface area. The

Is. This similarity indicates that galvanic cells are unlikely apparent oxide resistivity may be calculated as follows,
etween the A-titanium matrix and the a-precipitates in assuming that it varies linearly with thickness. From Eq.
he PA materials in this solution. Further, no distinct in-
reases in anodic current density are observed at applied A Co, [2]
otential corresponding to the thermodynamic oxidation d,. -

atentials of the alloying additions. Assuming that
Figure 2 displays the polarization curves for SHT [3-21S 'A'

a the six solutions. As the pH decreases, the passive cur- Po R. = R A) (3)
ent density increases. Additionally, all of the materials are OX

assive with no pitting observed at potentials as high as and, substituting Eq. 2 into Eq. 3, the following equation is
.7 V vs. SCE. Moreover, no significant differences are ob- obtained
erved between the aerated and deaerated conditions, RoC. [41
xcept for a slightly higher passi% current density ob- P, = e%
erved in deaerated 5M HCL. The lack of effect of deaera- Evt
ion has been observed previously by others in abrasion Equation 4 provides an indication of apparent oxide resis-
xperiments.27 tivity that is independent of geometric thickness.

From Figure 2, we see that the oxygen evolution reaction Figures 7 and 8 show plots of the oxide thicknesses and
ate becomes small relative to the passive current density at apparent resistivities, respectively, vs. potential for the ma-
.0 V in 5M HCL. This may be due to increased difficulty for terials in aerated pH 1 solution, utilizing a dielectric con-
lectron-tunneling through the semiconducting passive stant of 100 for all materials. The oxide thicknesses in-ilm whict tnins th thincreasing potential. This phe- crease linearly with increasing potential and the growthiomenon was observed in all solutions and on all materials, rate of the 0-21S alloys is less than that of either grade 2 or
lbeit at different potentialso grade 6 Ti. The oxide growth rate for grade 2 Ti (approxi-

mately 23 A/V) corresponds with earlier observations for
In situ characterization of passivity.-EIS was used for commercially pure titanium in 0.1M HCI.2' Additionally,

i situ characterization of the passive layer. A proposed the apparent oxide resistivity decreases with potential, im-
ircuit model for the electrochemical interface may be seen plying that the oxide is becoming increasingly defective.
ra Fig. 3. This model includes C., which represents the Handbook values for bulk Ti0 2 resistivity are in the range
pace charge capacitance of a compact nonporous oxide. of 10I-10" 0 cm," while calculated values from the exper-
he model also comprises a double-layer capacitance (CJ) iments here yield values in the 10 to 10`0 range, depending
t the oxide/solution interface. Constant-phase elements on potential. This discrepancy may be because a 10-50 A
re used to better represent the nonidealities of such capac- oxide grown in solution is more electronically and/or ioni-
tances. EIS data is interpreted in the context of this model. cally defective than a bulk three-dimensional oxide, the
The impedance response of SHT 03-21S exposed to aer- oxide incorporates alloying additions, oxide hydration, or

,ted pH 1, 0.6M NaCI is seen in Fig. 4a and b. As the poten- chloride ion incorporation. Tomashov et al. have expressed
ial is increased, the low frequency impedance decreases. a similar viewpoint in their review of the passivity of a
lurther, as the potential is made more positive with respect broad range of Ti base alloys.` The relative rankings of the
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To examine an oxide formed in solution, XI'S experi- ity.-The behavior of the titanium alloys in neutral O.6M
inents were performed on oxide films of SET 0-21iS. PA NaCi (Fig. 10) was similar to that observed in pH 1 adjusted
P-21S, and Vmde 2 T1 formed at -0.6 V vs. SCE following solutions. The passive current densities for all the materials
mechanical autaslon with SIC paper in aerated pH 1, O.6M were lower in the neutral solution than in pH 1. These cur'-
NaCL XPS revealed that the compositions of the oxides on rent densities were confirmed by impedance measurements
both PA and SET 0-21S were uimilar~ All oxides were pre- wherein the charge-transfer resistances which dominate
dominantly 1102, with small amounts of MoOt, MoO2, the polarization resistance and, hence, the passive current
?IbiO,, and A1203 also detected within the oxides on P-21S densities were higher~ Additionally, the oxide resistances
Crable Ml). The particular oxidation states see here are in appeared to be higher for the neutral solutions due to both
agemn with observaition on other P-titanium alloys."2 increased apparent oxide resistivity and increased oxide

The smalle peaks associated with all alloying additionas thickness.
occurred at binding energies which wer consistent with As in the pHi1 solutions, there appeared to be no dis-
their being oxidmzd. Table Il contains the energies Of the cernible difference between aerated and deaerated condi-I obtained photoelectron peaks, the corresponding hand- tions. Additionally, as in previous experiments, SHT 0-21IS
book values for the compouinds attributed to these peakcs, displayed the highest passive current density of all the ma-
and the formation potentials for such oxides over a range of tenrias examined. The openi-circuit potentials, including
potentials,'5 ,' since the surface pH upon mechanical desta- grade 6 T1, were within experimental variability, again in-
bilization of the oxide film is not known. For Mo, the obser- dicating that no significant galvanic couples are present in
vation of MoO3 is consistent with, the Participation of hy- th PA material.
drated Mo03 (HMo3"4.3 Because most hexavalent Mo Cahdcplrztosan(Fg1)pefmdinee-
compounds have nearly identical binding energiesn the Cathodic polarizdiation scans exFhag. cuprfrmednt deaer-

binding eeg of HMoO, is assumed to be equal to that of tied for t ahe Indirated smluilarexchaong curren thens-i-
MoO,. The similar oxide compositions may explain th sim- foru mtherihyd ,rongeneouiong freato n (2.0 on the to t.
Hair electrochemical behaviors of the PA and SET maten 10-l'm! mAlterialstangsegarom 2.0he tha that foun 4.6r
ala. Moreover~, there is no evidence suggesting that the ox0iAc'.Atog teeaehghrta ha on o
dation mechanism of P-21S is different from that of grade 2 grade 2 Ti1(I x 10"1 A/cm'), the exchange current densitiesI Z in pH 1, 0.6M NaCL 2 are far below those found for the HER on pulre Mo and Nb,'4

Elect ochiemiatoy and passivity in o. 6MNaa sotutiorls- which are the major alloying additions. This result again
Electrodiemintry and in situ characterizction of pasv suggests3 that there is a low concentration of alloying addi-

To
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0= 2and dos compndh !!g r. 0im OFauh do Oxi des.at" Cos -l FIl 3IM

U Grade 2 TI 458.5 n/a n/a n/a n/W"SiT 0421S 458.9 229.7 232.0 207.2 74.4
PA 458.3 229.6 232.2 207.2 74.3
MIN HadO 458.5 229.2 232.7 207.3 74.7

Minimum -0.889 -0.15" -1.391 -0.589 -2.02eI@ • formation
____.L.n..L._j usg . SCE)

potetial p -1.303 -0.786 -1.805 -1.003 -2.264
(V va. 3CE)

Fi.SW bLinmp N Ism a "~ g mjds ajjI" and . -M0'* +211%0 -+ MO+Or. 4+ *4e reaction assuming (Mliea
0Ol hor 5 d PA p-21, mHd. 2nd an gld. 61 1-to M " t•,,,.
i, ald pill, 0.6M NaCL Abdscec emml 100 • anumed. -Al " Al" + i- reaction' asuming (AI*'i = IL0 "

tions incorporated into the outer layers of the passive films sition is observed in addition to an increased passive cur-
of SET and PA 0-21S and that the TIOrdominated oxide rent density. Moreoven a galvanic couple between the a and
may account for the similar passive el emical a -phases may be present under these conditions.
ior observed for all the materials examined in neutral 0.6M The Mo/Nb alloying addition promotes spontaneous pas-NaCL Msivity on SliT A-21S in deaerated 5M HCL However, it was
i unclear if the lack of an active/passive transition is due to

Blectrochemn.st"i and pMuitVJ in 5M HC solubos.- an actual effect upon the anodic oxidation process orIlectrochamisxtry.-All the materials examined were pas- whether increased cathodic kinetics (exchange currentsive in aerated 5M HCI except for grade 2 T1 which dis- density, or lower T4fel slope) raised the open-circuit poten-
played an active/passive transition (FIg. 12). Others have tial above such a transition Therefore, cathodic scans on
observed that for commercially pure TI, an active/passive SHT 0-21Sin deaerted 5MHa w erformed. Although
transition is present in 5M HCl' but not in 0.11M HCm the exchange current density for the HER on SET p4-21S is
(approximately pH 1). The more active open-circuit poten- higher than that on the a-alloys ('Chble IV), it is not high
tial of grade 2 T1 enables the observation of the actve/pas- enough to account fora 300 mV increase in the open-circuit
sive transitio. To verily the existence of such a transition potentiaL PA @41S supports a higher exihange current
on the other materials, similar experiments were per- density for hydrogen evolution than SHT p-218, even
formed in deaerated 5M HEQ (Fig. 13). An active/passive though its open-ui potential is lower. Therefore, we
transition occurs on all the alloys in deaerated 5M HC1, conclude that the presence of Mo and Nb affects the anodic
except for S 4T S-215, which had a significantly higher
open-circuit Potential. A similar result was obse process, rendering titanium spontaneously passive in
Laser and Marcust for beta smi , 11.5% Mo, 4.5%erved by deaerated 5MHCL The exact process by which the materialLZser) whic exhibifor sptaneu passivity whe% Sn, 6% Is rendered passive is unknown. One hypothesis is that in-Zr) which exhibited spontaneous passivity when pure T1 ayo m o W i t n r al o p oetv 1
showed an active/passive transition in a pH 2.3 electrolyte. corporation of Mo" into a normally nonprtective TO,
Previous research has observed an active/passive transition film renders it more protective. Another hypotbesis is that
on other p-titanium alloys (Tf-13V-IlCr-3 Al) in 20% HE Mo in the solid state lower the oxidation rate of the metal
(6.5M), albeit at 35'C" A transition was observed in 5% substrate beneath the nonprotective film. A nonprotective
HE (1.6M) at 65TC. In general, ,cr ,,n temperaturea hA film exists in the potential region associated with the
tend to promote the development of an active/pasive tran- active/passive transition on TL. It is possible that elemien-
sition at fixed HCE concentration. "The open-circuit poten- tal Mo occupies kink sites to impede metal dissolution. Ad-
tial of SHT 0-21S is more noble than that of both pA p-21S ditionally, others have put forth models explaining beefn-
and grade 6 TI, indicating that the a-phase lowers the cial effects of Mo on passive films that may be applicable
open-circuit potential of PA 0-21S. An active/passive tran-
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here,"I however these theories require the presence of Mo4  Good correlation between the proposed impedance cir-
which is not thermodynamically stable over a portion of cult model and data was observed for all the materials in all
the potentlial range we have examined. the examined solutions except 5M BC!. Figure 14 displaysI A pitting potential was not observed for any alloy in 5M the impedance response of PA p-215 in aerated 5M BC! at
HCl up to 2.0 V vs. SCE. Furthermore, the passive current five different potentials. Additional time constants (Le.,
densities for all the materials were highest in 5M HCL As in low frequency inductive looping) are present in the spectra
NaCI solutions, SET p-21S displayed the highest passive that are not seen in any spectra from other solutions. TheIcurrent density of all of the materials in aerated 5M HCI, origin of this looping is unclear but it may indicate a
but PA p!-218 displayed a higher passive current density in change in the properties of the electrIochlal interface.
deaerated 5M HCL Impedance spectra simillwto that seen for 0-21S exposed

The peak current density for PA P-21S in 5M HCQ (4.5 x to aerated 5M EQI have been observed by others.I10'6 A/cm's), the most aggressive solution examined, is Impedance behavior of Al exposed to OS5M NaC2 below its
two orders of magnitude too low to account solely for the pitting potential displayed low frequency looping. This
slowest crack growth rates observed (10-4 mm/s. 2.54 X looping was attributed to a dlftuulon-controiled p rocess
10-4m-/min displacement rate).$ Therefore, we conclude within the oxide~ Others have suggested that a buildup of
that highly localized mechanical destabilization of the pea- surfmaecharge at the metal-oxide interfam may yield simi-I sive film is required for EAC of these alloys even after crack lar behavlor.l
tip cation hydrolysis and acidification, regardles of the Although the polarization curves in aerated 5M BC! dis-
exact mechanism of EAC. played a potential independent region indicative of passiv-
In situ crteintios of psiv4t-Imedance spcta ity, ft was of interest to confirm this, as the impedanceIfor grade 2 7i exposed to aerated 5M HCI in the active spectra did not yield good agreement with the proposed
range display distinct two time constant behavior alhuh circuit model for passivated titanium. Therefore, rotating
the polarization curve indicates that the material is active dikeecrd experiments were undertaken to distinguish
upon anodic polarization ove a wide potential rag. posible anodic mas-transPort control from Passivity. IfIHowever, active behavior does not imply that no oxide is th syte was passive, the behavior of the system within
present. Other researchers have stated that evnin the ac- the passive resin should be fluid velocity and, hence, rota-
tive region, dissolution is strongly inhibited by an oxide tioli rate independent. However. if the system was anodi-
which apparently can exist metastably even in strong acid cally mass-transport limited a change in anodic currentIsolution." It was hypothesized that steady-state dissolu- density would be observed as; a function of rotation rate.
tion may proceed through oxide formation and dissolution Anodic polarization experiments conducte with PA 042IS
steps." Others have noted that in the active region, a at 0, 250, 1000, and 5000 rpm in aerated SM EQ2 ar illus-
porous film of T-ispent"trated in Fig. 15. There is no discernible efec of rotation

11,0,is Prsent*on the anodic current density of PA P-21S in its region of,
potential independent behavior. Therefore, we conclude

to - that p-21S is passive in aerated 5M HC!.
C - M1T od-813Experiments in 5M EQ2 proved to be benteficial in eluci-

is I *- PA 11"4 datinig the effect of Mo/Nb additions on the passivity of
P-21S. The alloying additions promote formation of a pas-
sive film on SET P-21S in deaerated SM HC2 by not only

A - increasing cathodic kinetics, thereby raising the open-cir-
~cult potential, but by affecting the anodic process as well.

PA 0421S undergoes an active/passive transition, indicat-
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ing that the a-precipitates within the p-matrix are delete- were affected by the Mo/Nb additions in P-21S. Rotating
rious to the formation of a passive layer This condition is disk electrode experiments confirmed that 0-21S is passive
confirmed since grade 6 TI, which roughly models the a- in a 5M HC1 envirment. Similarity of hydrogen evolution
precipitates, was active in deaerated 5M HCl up to approx- kinetics, the lack of observed alloying addition oxidation,
imately -0.15 V vs. SCE. and AES andXPS studies indicate ilmitedlncorpation of

C oalloying additions into the passive film in the NaC2 solu-
Stions. The passive film on all T1 alloys was pmdominantly

Analysis of the passive film on Mo and Nb stabilized 1102 with lesr amounts of oxidized Mo. Nb, and Al cat-
p-titanium alloy (0-21S) in room temperature solutions tained in the oxides on p-21S. The small quantity of alloy-
simulating crack tip chemistries possible in marine envi- ing additions within the pamve film may account for the
ronments has been performed utilizing both dc and ac similar passive'' behaviors observed amon
methodt. Ther are no major etrochm differences the stu d alloy A the alloys in this study yielded peak
between 0-21S exposed to 0.6MNaCl and pH 1, O0M NaCi current densities that were too low to account solely for
in its PA and SHT forms, although SRT •41S almost al- crack growth rates observed in separate studies, even after
ways yielded the largest passive current density. Moreover; crack tip acidification. The passive film, therefore, must be
significant differences do not exist between either the mechanically destabilized to account for these crack
model precipitate (grade 6 T1) or commercially pure TI growth rates, regardless of the exact mechanism.
(grade 2 TI) and 4-21S in the NaCa solutions. This findvn
suggests that there is minimal galvanic interaction be- Acamowbdgme
tween the matrix and precipitates in PA 0-1S in the NaCI The authors acknowledge the Office of Naval Research
environments. All the alloys wer spontaneously passive in (Grant No. N00014-91-J-4164) and the Virginia Center for
the NaCl solutions examined and no pitting potentials were Innovative Technology for their support of this work. The
observed up to 2.1 V vs. SCE. Howeve xp erliments in authors also thank Titanium Metal Corporation for their
deaerated 5M HC1 reveal an active/passive transition for gmenrous donation of alloys The authors acknowledge Dr.
all alloys except SHT p-21S, indicating that the a-precipi- R. Bayles and the Naval Research Laboratory for help with
tates in PA 0-21S have a deleterious effect upon passivity AES experiments, S. McCartney and Virginia Polytechnic
and that local galvanic coupling between the a- and p- Institute for help with XPS experiments, and L, Young, G.
phases may occur Both the anodic and cathodic kinetics Young, and R. P. Gangloff for helpful discussions.
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